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The global warming fact has been calling for a change in our current energy infrastructure, 
which is based on fossil fuels. Lithium-ion batteries (LIBs) are one of our main tools that can 
serve our society for the desired transition from non-renewable energy sources to renewable 
ones, for instance, by opening the door of e-mobility with their high energy efficiency. 
However, the current state-of-art revealed that the electrode architecture has a crucial role 
in the obtained electrochemical performance of LIBs. In the traditional composite electrodes 
based on a physical admixture of components, particle-to-particle contact loss occurs 
between the electrochemically active metal oxide and conductive carbon additive, eventuate 
in poor electrochemical performance. On the other hand, hybrid electrode architecture 
provides nanoscopic chemical blending between the metal oxide and carbon, resulting in 
advanced electrochemical performance due to a continuous conductive network. However, 
the synthesis techniques for hybrid materials are limited to wet chemical synthesis. Therefore, 
the aim of this doctoral work is to explore novel synthesis approaches for the metal 
oxide/carbon hybrid materials and investigate their performances for LIBs with the 
comparison of their composite counterparts. For that purpose, this dissertation investigates 
the promising anode candidates for LIBs, namely, V2O3, Nb2O5, and Ti2Nb10O29, which were 
synthesized from their relatively cheap carbide sources via a new synthesis approach, 
chloroxidation or simple CO2 oxidation. The successfully-synthesized carbide-derived metal 
oxide/carbon hybrids displayed advanced rate handling abilities and cyclic stabilities 







Die Tatsache der globalen Erwärmung hat eine Änderung unserer gegenwärtigen 
Energieinfrastruktur, die auf fossilen Brennstoffen basiert, erforderlich gemacht. Lithium-
Ionen-Batterien (LIBs) sind eines unserer Hauptinstrumente, die unserer Gesellschaft für den 
gewünschten Übergang von nicht erneuerbaren Energiequellen zu erneuerbaren 
Energiequellen dienen können, indem sie zum Beispiel mit ihrer hohen Energiedichte und 
Effizienz die Tür zur E-Mobilität öffnen. Der derzeitige Stand der Technik hat jedoch gezeigt, 
dass die Elektrodenarchitektur eine entscheidende Rolle bei der erzielten elektrochemischen 
Leistung von LIBs spielt. Bei den traditionellen Verbundelektroden, die auf einer 
physikalischen Beimischung von Komponenten basieren, tritt ein Kontaktverlust von Partikel 
zu Partikel zwischen dem elektrochemisch aktiven Metalloxid und dem leitfähigen 
Kohlenstoffzusatz auf, was zu einer schlechten elektrochemischen Leistung führt. 
Andererseits bietet die hybride Elektrodenarchitektur eine nanoskopische chemische 
Mischung zwischen dem Metalloxid und dem Kohlenstoff, was zu einer verbesserten 
elektrochemischen Leistung aufgrund eines kontinuierlichen leitfähigen Netzwerks führt. Die 
Syntheseverfahren für Hybridmaterialien sind jedoch auf die nasschemische Synthese 
beschränkt. Ziel dieser Doktorarbeit ist es daher, neue Syntheseansätze für die 
Metalloxid/Kohlenstoff-Hybridmaterialien zu erforschen und ihre Leistungen für LIBs im 
Vergleich zu ihren Verbundwerkstoff-Pendants zu untersuchen. Zu diesem Zweck wurden 
vielversprechende Anodenmaterialien für LIBs, nämlich V2O3, Nb2O5 und Ti2Nb10O29, mit Hilfe 
eines neuen Syntheseansatzes aus relativ billigen Karbidquellenmittels Chloroxidation oder 
einfachen CO2-Oxidation synthetisiert. Die aus dem Karbid hergestellten 
Metalloxid/Kohlenstoff-Hybride wiesen im Vergleich zu ihren Pendants fortgeschrittene 





Decarbonization of our future energy supply makes it necessary to develop new forms of 
energy production and storage. After the recognition that global climate change is a great 
threat to human societies and the planet, the European Council is committed to reducing 
greenhouse gas emissions to 80-95% compared to 1990 levels by 2050.[1] Furthermore, in 
2015, the first legally binding global climate change agreement, the Paris Agreement, was 
signed to keeping the increase in global average temperature below 2°C, with respect to pre-
industrial levels.[2] For the limiting of global climate change resulting from burning fossil 
energy fuels, renewable energy sources, such as solar, wind, biomass, geothermal, and hydro-
power, have played a crucial role. Those renewable energy sources can serve the desire for 
low-carbon consumption energy production with their potential of zero or almost zero 
greenhouse gas emissions.[3] However, the intermittent nature of renewable energy sources 
and high dependency on the geographic location brings along the requirements of energy 
transmission systems, and as well energy storage systems (ESS). Such systems compensate for 
energy fluctuation by storing the surplus energy when the electricity supply is higher than 
demand and releasing the stored energy when demand becomes higher than supply.[4] 
The working principle of the electrochemical energy storage systems is based on carrying 
charge (e.g., electron, ion) between electrodes or only one way from one electrode to another, 
which is determinative on the rechargeability. Depending on the requirements for the 
application, either high energy provider batteries or high-power supplier capacitors can be 
chosen (Figure 1A). The charge storage mechanism for capacitors and electrical double-layer 
capacitors (EDLCs) comprises ion adsorption and desorption, i.e., non-Faradaic process.[5] 
This process has the characteristic responses in cyclic voltammetry like rectangular shape 
(Figure 1B). On the other hand, the Faradaic reaction, where oxidation or reduction reaction 
occurs via charge transfer, is the charge storage mechanism for batteries.[6] In this mechanism, 
the electrochemistry responses show sharp or broad redox peaks (Figure 1C). 
Lead-acid (Pb-acid) rechargeable batteries possess lead and lead oxide as electrodes and 
aqueous sulfuric acid or a gel as an electrolyte. Lead-acid batteries still have a large share in 
the battery market (e.g., used in internal combustion engine cars). Although the production 
cost of Pb-acid batteries is low, their low specific energy and low-temperature capability are 
their drawbacks.[7] Nickel-cadmium (Ni-Cd) rechargeable batteries were used in portable 




given a periodic full discharge cycle, and toxicity (Cd) is the main concern. Later, Nickel-metal-
hydride (Ni-MH) rechargeable batteries came to play in the market. Its specific energy is higher 
than that of the Ni-Cd batteries, but their limited cycle life hindered their success in the battery 
market.[8] The highest specific energy can be obtained from Li-metal batteries, yet lithium 
dendrite formation is the main issue for safety hazards.[7] The history of lithium-ion batteries 
(LIBs) has begun by developing the insertion/intercalation type electrode materials to prevent 
dendrite formation. Ever since the LIBs had released to the market in 1991, research and 
industry sections have been continuously developing LIBs. As one can see these days, LIBs 
have become an integral part of our daily life, powering cellphones, laptops, and electronic 
devices. In particular, the transition of the transport sector from the internal combustion 
engine to electric vehicles leads to higher demands of LIBs. Thus, moving towards a more 
sustainable energy society will need the improvement of the energy and power of LIBs. 
 
Figure 1. A) Ragone chart of the current electrochemical energy storage systems. Voltage 
profile of B) capacitor and C) battery. The Ragone chart is inspired by Ref. [9]. 
 
2. Lithium-ion batteries 
2.1. History of lithium-ion batteries 
One can start the history of batteries with a prehistoric battery, the so-called Parthian Battery 
(ca. 150 BC), which is a clay jar consisting of an iron rod surrounded by a copper cylinder 
soaked in vinegar or an electrolytic solution. However, the purpose of the Parthian Battery 
remains unclear whether it is a galvanic cell or not. Later, another history-line on batteries 
starts with the discovery of Alessandra Volta in 1799 on the voltaic cell, which involves zinc 




the batteries is unclear when exactly it has begun, the use of batteries in our modern lives is 
undeniable. Nowadays, most of the battery market is covered by lithium-ion batteries due to 
their high energy-to-weight ratio and long operational life. 
The history of rechargeable lithium-ion batteries cannot be separated from non-rechargeable 
lithium-metal batteries. The first lithium-metal battery is consisting of lithium metal and 
manganese dioxide as electrodes was invented in 1962. It was introduced to the battery 
market by Sanyo in 1972.[7] There are advantages of using a metallic lithium electrode, such 
as that lithium is the lightest metal, has a high theoretical capacity of 3860 Ah/g, and a very 
low electrode potential (-3.04 V vs. standard hydrogen electrode (SHE)). However, large 
volume change and high reactivity of lithium during the electrochemical process leads to 
dendrite growing resulting in short-circuiting, thermal runaway, and hence catch fire. The 
inherent instability of the metallic lithium shifted the research to alternative electrode 
materials. However, early research was first focused on replacing the displacement type 
cathodes.[10] A breakthrough from lithium-metal batteries to lithium-ion batteries was 
obtained by introducing the intercalation/insertion-type electrode of TiS2 by Whittingham in 
1976 at Exxon.[11] However, the cut-off voltage was low as 2.5 V vs. Li/Li+, which prevents to 
reach to the high energy density battery. Goodenough et al. introduced LiCoO2 as a high 
voltage applicable (4 V vs. Li/Li+) insertion type electrode in 1980.[12] In the same year as the 
first insertion electrode introduced to the battery society, Besenhard et al. also revealed that 
Li+ ions intercalate into graphite.[13] However, graphite was not preferred due to its lower 
theoretical capacity of 372 mAh/g compared to metallic lithium, and co-solvent intercalation 
of propylene carbonate-based electrolyte leads to graphene layer exfoliation resulting in 
capacity loss.[10] Moli Energy produced the first rechargeable lithium-based battery by using 
metallic lithium and molybdenum sulfide in 1985, but severe battery explosions because of 
the aforementioned lithium dendrite growing led to revisit intercalation type electrode 
materials.[7] In the same year, Yoshino et al. offered to use petroleum coke as a less 
graphitized carbon due to its low structural destruction than that of graphite.[14] Thereby, 
the first lithium-ion battery, which was built with petroleum coke as a negative electrode, 
LiCoO2 as a positive electrode, and propylene carbonate-based electrolyte, was introduced to 
the battery market in 1991 by Sony.[7] The graphite came to play only after the discovery of 
ethylene carbonate (EC), which can suppress graphene layer exfoliation. However, the EC-




Guyomard and Tarascon revealed LiPF6 in EC/DMC electrolyte, which provides improved 
oxidation stability.[18] Since then, it has been the most favorable liquid electrolyte for the LIBs. 
Milestone discoveries until reaching to the lithium-ion batteries as we know them today is 
illustrated in Figure 2. 
 
 
Figure 2. Milestone discoveries on the lithium-ion batteries with the charging process 
illustration (inspired by Ref. [10]) 
 
2.2. Basic working principle of a lithium-ion cell 
A lithium-ion cell consists of four main parts: negative electrode (anode), electrolyte, 
separator, and positive electrode (cathode). The anode and cathode are defined for the 
discharge process, where the anode undergoes the oxidation reaction, and the reduction 
reaction occurs on the cathode side. For example, in a lithium-ion cell with graphite (C6) as an 
anode and LiCoO2 as a cathode, the half-reaction mechanism for each electrode during the 
charging process, as illustrated in Figure 2 (below-part), can be given as follows: 




LiCoO2 → Li1−nCoO6 +  nLi
+ + ne− (2) 
During charging, the Li+ ions release from the cathode to the electrolyte, then pass through 
the separator and get into the anode. At the same time, electrons are transferred via an 
external circuit from cathode to anode. During the discharging process, the lithium-ion cell 
undergoes the reverse of the charging process. The charge process requires applying an 
external power while discharging occurs spontaneously. 
 
2.3. Essential definitions and measurement techniques for batteries 
Understanding how a battery works and how to evaluate the performance of the 
electrochemical sources is highly correlated with the thermodynamics of the electrochemical 
process. In a galvanic cell, electrical energy is produced via an electrochemical reaction. During 
the so-called redox reaction, the electrons transfer from one species to another at the 
interface of the electrodes and electrolyte. The redox reaction is divided into two half-cell 
reactions: the oxidation reaction (Equation 3), where the electrons release by the anode, and 
the reduction reaction, where the electrons are accepted by the cathode (Equation 4). In the 
following equations, n stands for the number of electrons. 
aA → cC + ne− (3) 
bB + ne− → dD (4) 
The overall reaction can be written as follows[19]: 
aA + bB → cC + dD (5) 
At the equilibrium condition, the specific standard electrode potential can be derived from 




    [V] (6) 
where ∆G0 is standard Gibbs free energy, n  is the number of the electrons, and F  is the 
Faraday constant, which is the quantity of charge per mole of the electrons (Equation 7). 
F = e · NA (96485.3 C/mol or 26.801 Ah/mol) (7) 
For the non-standard conditions, the potential of the full-cell reaction can be given by the 
Nernst Equation (Equation 8), where Ecell stands for the cell potential at the temperature of 
interest, Ecell
0  is the standard cell potential at the equilibrium conditions, R is the universal gas 









There are also essential definitions, which will be given as the following: 
Open circuit voltage (OCV): The voltage of a cell, which is neither on discharge nor charge, in 
other words, the state of the voltage of a cell that is not connected with an external circuit. 
Charge capacity (Q): The total amount of charge available from a cell (Equation 9). An ampere 
is a unit of electrical current (I), which is defined as a rate of charge flow in an electric circuit. 
Q = ∫ I(t) ∙ dt
t2
t1
    [Ah] (9) 
Theoretical gravimetric capacity (Qth): The amount of charge per weight of reactants (mi), is 




    [Ah/kg] (10) 





    [Wh/kg] (11) 




    [W/kg] (12) 
There are also terms of energy density and power density, which are the close terms to the 
specific energy and specific power with the difference is the use of a unit volume of a cell 
instead of a unit mass of a cell. Therefore, the unit of energy density and power density is Wh/l 
and W/l, respectively. 
Specific current: The amount of charge per unit mass with the unit of measure of A/kg. 
Current rate (C-rate): Describing the time frame for either a full charge or discharge, where C 
donates the theoretical or nominal charge capacity (Equation 13). For example, 1 C means 
that the transfer of all of the stored energy in one hour; in other words, the entire battery will 
be discharged in 1 h. Another example, C/10 (0.1 C), means that the full transfer of all stored 





Cycle: One sequence of a complete discharging and charging process. 
It is essential that, for battery evaluation, each parameter is correlated to the fundamental 
understanding of thermodynamic and kinetic of a particular system or interested materials. 
For example, the electrode potential (Equation 6) will be high or low, depending on the 




anode and cathode gives us an indication of how high the energy of such a battery is 
(Equation 11). Yet, the kinetic energy is the parameter that reflects how fast a battery can be 
during the charging/discharging. This can be seen in the very simple parameter of power 
(Equation 12). Another important parameter is cyclic stability. In common, the battery should 
have a long cycle life with as less as possible the performance decay. 
There are several electrochemical techniques to be applied for testing of the electrochemical 
performance of a battery; however, the essential techniques for battery performance testing 
are cyclic voltammetry (CV) and galvanostatic cycling with potential limitation (GCPL). 
Cyclic Voltammetry (CV): A method that provides information about the electrochemically 
active regions of the electrode during scanning of the potential between two given values at 
a fixed rate. It can also be a useful technique for spotting the parasitic reaction caused by the 
electrolyte decomposition. In other words, one can use CV to estimate the operating window 
of electrolyte, whether it is matching with interest electrode materials or not. 
Galvanostatic cycling with potential limitation (GCPL): A method that provides information 
about potential changes in the working electrode against the reference electrode while 
keeping the current constant. The GCPL technique can be applied to perform rate handling 
capability and cyclic stability tests for LIBs. The rate handling capability tests give information 
about the speed of kinetics of the tested battery system by applying different specific 
currents/C-rates, while the cyclic stability tests provide information about the degradation 
rate of the battery for an extensive number of cycling via applying a constant current in a set 
range of potential. 
 
2.4. Electrolytes 
2.4.1. Liquid electrolytes 
Organic liquid electrolytes for LIBs consists of three main classes of materials: (i) aprotic 
(nonaqueous) solvent, (ii) conducting lithium salt, and (iii) additives. An ideal solvent for 
lithium-ion battery applications should meet the following demands [20]: 
• The solvent should be able to dissolve the salts in a sufficiently high concentration, 
thus, possessing a high permittivity (ε), which is a measure of the ability of a material 
to be polarized by the electric field. 




• The solvent must be inert toward all other cell components, such as electrodes and 
current collectors. 
• It should be applicable to a wide temperature range. For example, exhibiting a low 
melting point (Tm) and as well a high boiling point (Tb). 
• The solvent should have a high flash point (Tf) for safety reasons, while it is nontoxic 
and economical. 
Organic esters have been leading to be a suitable liquid electrolyte for LIBs. Table 1 presents 
the most used organic carbonate solvents and their physical properties for LIB applications. 
Ethylene carbonate (EC) and propylene carbonate (PC) take the attention due to their high 
boiling point, permittivity, flashing point. However, the EC solvent possesses a disadvantage 
of having a high melting point; therefore, the EC solvent is a solid at room temperature. After 
the recognition of the PC solvent causes an unstable solid-electrolyte interface (SEI) on the 
surface of the carbonaceous anodes, the interest of research shifted towards using the co-
solvent approach. For instance, a small percentage (9%) of PC solvent mixing with EC can 
suppress the melting point of EC.[21] That is followed by using dimethyl carbonate (DMC) 
instead of PC as a co-solvent with the EC solvent.[18, 22] The linear carbonates, such as DMC 
and diethyl carbonate (DEC), bring along the advantage of forming a homogenous mixture 
with the EC solvent at any ratio. Moreover, suppressing the melting point of EC and lowering 
the viscosity can be counted as the other advantage of the linear carbonates.[20] Since then, 
ethyl methyl carbonate (EMC) and many more have been discovered as a co-solvent with the 
EC solvent for LIBs.[23] 
Table 1. Organic carbonates as electrolyte solvents.[20] 
Solvent Tm (°C) Tb (°C) 
η at 25 °C 
(cP) 
ε at 25 °C Tf (°C) 
Ethylene carbonate 
(EC) 
36.4 248 1.9 89.8 160 
Propylene carbonate 
(PC) 
-48.8 242 2.5 64.9 132 
Dimethyl carbonate 
(DMC) 
4.6 91 0.6 3.1 18 
Diethyl carbonate 
(DEC) 





The ideal lithium salt as a use in the electrolyte for LIBs must fulfill the following essential 
requirements [20]: 
• The lithium salt must dissolve completely in an as-chosen solvent to ensure high Li+ ion 
mobility. 
• The anion from the lithium salt should be stable against the oxidative decomposition 
at the positive electrode while inert to the electrolyte. 
•  It should also be inert with all other cell components, such as separator, current 
collectors, and cell packaging materials, etc. 
• While it is stable against thermally induced with electrolyte, it should also be nontoxic 
and preferably economical. 
The possible lithium salts for LIBs are limited compared with the wide spectrum of aprotic 
organic solvents. LiBF4, LiPF6, LiAsF6, and LiClO4 are in the group of the most used lithium salts 
for lithium-ion battery applications. The ionic conductivity (σ) of these salts in the PC solvent 
is lower than that of EC/DMC mixture solvents (Table 2). Although the conductivity of LiAsF6 
is higher than that of LiPF6 salt in EC/DMC, it is not preferable due to the toxicity of As 
species.[24] Another high conductivity preserver in EC/DMC is LiClO4 salt, which possesses 
high anodic stability like up to 5.1 V vs. Li/Li+; however, at high temperatures and high current 
rates, it reacts with the organic species from the solvent, resulting in safety issues.[22, 25] 
Even though the LiBF4 salt is less toxic than LiAsF6 salt and provides better safety than LiClO4, 
the low ionic conductivity of LiBF4 in EC/DMC is a drawback. Although LiPF6 is known for its 
chemical and thermal instability, it has been commercialized by the use of stabilizer 
additives.[26] Even at room temperature, LiPF6 generates solid LiF and PF5 gas, which reacts 
with the organic solvents and deteriorates the stability of the SEI components (e.g., Li2O, LiF, 
Li2CO3, polyolefins, and semicarbonates, etc.) on the graphite anode surface.[27] Different 
types of stabilizer additives have been used, such as a trace amount of LiF, tris(2,2,2-





Table 2. Lithium salts as electrolyte solutes.[20] 




(1 M, 25 °C) 
in PC in EC/DMC 
LiBF4 293 > 100 3.4 4.9 
LiPF6 200 80 (EC/DMC) 5.8 10.7 
LiAsF6 340 > 100 5.7 11.1 
LiClO4 236 > 100 5.6 8.4 
 
Ionic liquids can also be used as liquid electrolytes for LIBs. They have been suggested due to 
their wide electrochemical operating range, improved thermal stability, and low volatility.[29, 
30] However, the presence of impurities in ionic liquids, such as residual solvents or water, 
causes undesirable side-reactions.[31] In addition, wetting of the separator, low ion transport 
abilities due to the high viscosity are reasons that they are not competitive replacement 
candidates for conventional organic liquid electrolytes, especially for industrial 
applications.[32, 33] 
 
2.4.2. Organic and inorganic solid electrolytes 
The state-of-art for LIBs still rely on flammable liquid electrolytes, which catch fire during 
overcharging or abused operation. Furthermore, rapid charging leads to lithium plating at the 
graphite anode and form dendrites that penetrate through the separator. Consequently, the 
internal short-circuit causes the fading of the life cycle of the battery and, eventually, 
explosion. Replacing liquid electrolytes with solid electrolyte systems has been investigated 
with the aim of solving such problems. However, there are some challenges remaining in the 
development of the solid-state electrolyte (i.e., low ionic conductivity, incompatibility with 
the lithium anode, and high contact resistance at the interface between electrode and 
electrolyte). 
The solid-state battery has shown superior energy density greater than that of traditional LIBs. 
Cathode materials used in solid-state LIBs are not new but the same as cathode found in 




LIBs, lithium metal, graphite, and lithium titanate are widely applied depended on the 
reduction potential of the selected solid electrolyte. Several key challenges, apart from poor 
ionic conductivity, are the following: volume change either in cathode or anode during the 
electrochemical process, low active mass loading in the cathode and anode, and poor contact 
electrode/electrolyte interface. 
One of the solid-state electrolytes class is solid polymer electrolytes (SPEs); in other words, 
organic solid electrolytes. Non-volatility, improved safety, better overheat and overcharge 
allowance, decreasing the cell weight, reducing the cell price, suppressing dendrite formation 
for the case using metallic lithium anode, shape flexibility, and improved shock resistance can 
be given as advantages of SPEs compared to liquid electrolytes.[34] In the solid polymer 
electrolyte, the lithium salt, which is added to provide the lithium-ion conduction, is solvated 
by polymer chains.[35] One can easily think that SPEs may also act as a host for ions. In 1973, 
poly(ethylene oxide) (PEO) in alkali metal salts opened the solid polymer electrolyte systems 
using for LIBs.[36] Although PEO-based electrolytes provide excellent solubility for lithium salt, 
they suffer from low ionic conductivity. The PEO is a semicrystalline polymer, where the ion 
transport occurs from its amorphous domains (Figure 3A); therefore, most studies have been 
focused on increasing the ionic conductivity of PEO by decreasing the crystallinity of PEO.[37] 
Lithium salt choice is as essential as the polymer choice for SPEs. For example, the LiPF6 salt is 
a great choice for liquid electrolyte systems; lithium trifluoromethanesulfonate (LiTf), lithium 
bis(trifluoromethanesulfonimidate (LiTFSI), lithium bis(trifluoromethanesulfionimide) (LiBETI), 
and lithium bis(fluorosulfonyl)amide (LiFSI) are offered as more preferable lithium salts for 
PEO-based SPEs due to exhibiting high solubility, high ionic conductivity, and high 
electrochemical stability.[38-40] The larger anions from the lithium salt aid to increase ionic 
conductivity, reduce the crystallinity, and increase the glass temperature (Tg) of PEO.[37] 
Polyester-based (e.g., polyethylene carbonate (PEC), poly(trimethylene carbonate) (PTMC), 
and poly(propylene carbonate) (PPC)), polycaprolactone (PCL), nitrile-based (e.g., 
succinonitrile, poly(acrylonitrile (PAN)-based) solid organic electrolytes are further examples 
of SPEs. 
Lithium-ion transport in the organic solid electrolytes involves the migration of lithium ions in 
the solvent medium. According to the Stokes-Einstein equation, the conductivity of lithium in 
the organic electrolyte can be increased by increasing the ion dissociation in the solvent and 




lithium (mobile specie) in the crystalline solid must pass through the bottleneck point where 
the defined energetic barrier (so-called migration energy) is maximized. Ion conductivity 
increases with decreasing migration energy. The absolute lithium conductivity related to the 






𝑘𝐵𝑇  (14) 
Where 𝐸𝐴 is the activation energy of diffusion, 𝑇 is the temperature, and 𝑘𝐵 is the Boltzmann 
constant. As noted, the ion concentration in the crystal is independent of the temperature 
and activation energy. The lithium-ion number of transfers is also another metric that reflects 
the diffusivity of the electrolyte. In the aprotic electrolyte, the number of lithium-ion transfer 
is between 0.2 and 0.5. Obviously, the number of the lithium-ion transfer in solid-state is much 
lower (2-5 times).[41] The ion diffusion mechanism is based on Schottky and Frenkel, which 
includes a vacancy mechanism and a relatively complicated diffusion mechanism. Some 
materials with special structure can achieve high ionic conductivity without a high 
concentration of defects, like materials with crystal framework composing of immobile ions 
and sub-lattices with mobile ions. For achieving the fast ionic conduction, three minimum 
criteria must be full filled: i) the number of sites available for mobile ions must be larger than 
the number of mobile species, ii) the migration barrier (kinetic energy) energies between 
available sites should be low enough for ion hopping from one to another site, and iii) those 
sites must be connected to form a continuous diffusion pathway (related to the grain 
boundary resistance). The latter is of great concern in the field of solid electrolyte because the 
grain boundary resistance is significantly higher than bulk resistance.[42] 
On the other hand, it is generally accepted that the simple energy level approach commonly 
used to evaluate the stability window of Li-ion electrolytes (Figure 3B) has very limited 
applicability, especially when the formation of the solid-electrolyte interface (SEI) on the 
anode surface and the formation of the cathode electrolyte interface (CEI) on the surface of 
the cathode are discussed. Additionally, it became clear that the terms HOMO and 
LUMO should be avoided when talking about the electrochemical stability of electrolytes. 
Instead, it is safer to speak of the potential of electrolyte reduction at negative potentials and 
of the potential of electrolyte oxidation at positive potentials. Both SEI and CEI lead to an 
increase of the Li-ion diffusion and charge-transfer across the interfaces. However, the 




layer, such as mitigation of parasitic reactions, reduction of the ion dissolution, and 
suppression of the volume change during lithiation/delithiation process.[43] 
 
Figure 3. A) Schematic illustration of lithium-ion transfer across (left) a crystalline polymer and 
(right) a crystalline polymer with amorphous domains (inspired by [44]). B) Schematic band 
diagrams of the carbonate-based liquid electrolytes, sulfide-based solid electrolytes, and 
oxide-based solid electrolytes (inspired by [43]). 
 
The ion transport pathway within bulk depends on the complex properties of the material, 
such as the structure, physical, and chemical properties of the material. For inorganic solid 
electrolytes, materials possess a periodic structure built from the coordination of polyhedrons. 
In ceramics, the ion transport pathway is provided via defect, ion interstitial, and vacancies 
from the structure. Within the bulk, the penalty energy for ion migration is most related to 
the fundamental structure of the material, which will be briefly discussed below. 
Perovskite materials have the general formula of ABO3 with the cubic unit cell. In the structure, 
A is the alkaline earth to the rare-earth element at the corner of the cube. The B is typically 
transition metal at the center of the structure, and the oxygen atom locates at the face-center 
position.[41] Lithium can occupy the A site of the structure via aliovalent doping (e.g., Li3xLa0.66-
xM0.9-xTiO3). Replace lithium at the A site lead to the modification of oxygen vacancies, which 
influence the ion conductivity.[45] Lithium diffuse by hopping in the ab plane to the adjacent 
vacancy. The representative perovskite solid electrolyte is Li3xLa1.3-xTiO3, which exhibits lithium 
conductivity of 0.07 mS/cm and bulk ion conductivity of 1 mS/cm. Although Li3xLa1.3-xTiO3 has 
high bulk ionic conductivity, it cannot be applied with lithium and graphite anode because of 




NASICON (sodium superionic conductor) compounds are generally rhombohedral structures, 
while monoclinic and orthorhombic phases have also been reported.[48] NASICON has a 
general formula of AM4+/M3+(PO4)3 where A is Li or Na, and M4+ can be Ti, Ge, Sn, Hf or Zr, and 
M3+ can be Cr, Al, Ga, Sc, Y, In or La.[49-52] In the structure, Li can occupy two distinct sites: 
one at the 6-fold coordination (octahedral) between two MO6 octahedral, and another at 8-
fold coordination between columns of MO6 octahedra. The lithium diffusion is hopping 
between those two sites, which determine the ion conductivity. The large bottleneck site leads 
to lower activation energy and thus higher ionic conductivity.[53-55] To enlarge the 
bottleneck site, the element in the M3+ site should be large. By far, Li1.3Al0.3Ti1.7(PO4)3 has the 
highest bulk conductivity (3 mS/cm).[56] However, one should keep in mind that a titanium-
containing compound is not suitable for anode materials with active potential lower than 1.5 V 
vs. Li/Li+.[44] 
Garnet is the oxides materials having a cubic unit cell. It has a general formula of A3B2(XO4)3, 
where A has 8-fold coordinated in the antiprismatic site. B is the 6-fold coordinated in the 
octahedral site. X is the 4-fold coordinated in the tetrahedral site. In lithium conducting garnet, 
lithium element occupies the tetrahedral position, for example, Nd3Te2(LiO4)3.[41] For 
obtaining better ionic conductivity at room temperature, more lithium is added alongside with 
the adjusting valence state of A and B. As for example, La3M2(Li1.7O4)3 exhibits large lithium 
distribution in the tetrahedral and distorted octahedral site rendering higher lithium 
conductivity. However, having more lithium concentration located in the distorted octahedral 
site is crucial for increasing the total ionic conductivity.[57] For example, increasing lithium 
from Li3Ln3Te2O12 to Li7La3M2O12 cause more lithium distribution in the distorted octahedral 
and thus increase the ionic conductivity by 9-folds.[58] 
Sulfide solid electrolyte is also known as thio-LISICON. It has been reported as the highest 
conductivity among all solid electrolytes. For example, Li10GeP2S12 exhibits conductivity as high 
as liquid electrolyte (0.6 mS/cm).[59] The thio-LISICON has a general chemical formula of 
Li10MP2S12 where M are Si, Ge, or Sn. Lithium atoms distribute in the octahedral voids 
originated along with the c, a, and b axis. As for the c axis, lithium is edge-shared with (P/Ge)S4 
tetrahedral. Another octahedra site is located by corner shared with PS4 tetrahedral along a 
and b axis. The diffusion of lithium along the ab plan is estimated to be slower than the c 
direction. Thus, optimization of the octahedral space along c-direction leads to higher lithium 




Li10Ge0.95Si0.05P2S12 with a conductivity of 0.83 mS/cm) lead to the optimum tunnel size.[60] 
Although thio-LISICON exhibits high lithium conductivity, it is difficult for cell assembling as it 
is sensitive to moisture. Further, it tends to react with the cathode material.[42] 
Argyrodite or lithium argyrodite (Li6PS5X, where X is Cl, Br, or I) is the young introduced fast 
lithium-ion conductor materials.[61] The structure is built from tetrahedral close packing 
anion in the cubic unit cell. Tetrahedral PS4 network creating an octahedral cage in which 
lithium is distributed around S or halide ion.[41] The diffusion between the octahedral cage 
results in low activation energy (0.2-0.3 eV), while lithium distribution and disordered S2-/X- 
sublattice will further increase the conductivity. However, there is an exceptional case where 
iodide in the structure decreases the ionic conductivity.[62] 
Seemingly, the solid-state electrolyte has gained a lot of attention. However, the liquid organic 
electrolytes are still more practical, in particular, the manufacturing of the battery. Inorganic 
solid electrolytes are mostly brittle and thus not suitable for cylindrical cells. It is rather a fit in 
the pouch or prismatic cell. The transition from a traditional lithium-ion battery to an all-solid-
state battery still far to reach. Not only low ionic conductivity is a challenge in materials 
development, but also the interface reaction between electrode materials and solid 
electrolyte. This leads to the artificial interface chemistry (so-called buffer interface) 
development that avoids the reaction between solid electrolyte and electrode materials 
(anode and cathode). Consequently, the cost of an all-solid-state battery might be higher than 
a traditional liquid electrolyte-based battery at the moment. Speaking of the energy density 
of the all-solid-state battery, it still has a large room for improvement. Regardless of the 
electrode materials, the all-solid-state battery delivers lower specific energy and specific 
power than that of liquid organic electrolyte-based battery systems.[63] A part of the issue is 
the contact resistance. In the electrode material (both cathode and anode), one needs to add 
a solid electrolyte apart from carbon conductive and a polymer binder.[43] Obviously, the 
dead mass at the cathode and anode is higher as compared with liquid electrolyte-based 
batteries. 
2.5. Positive electrodes (Cathodes) 
Intercalation chemistry materials have been around the corner of materials research for 
almost 180 years. Like few layers-metal disulfides (MS2), various kinds of layer material were 
investigated for cation intercalation (e.g., Li+, Na+, and H+). The first cathode material for 




using TiS2 cathode vs. lithium metal anode in LiClO4 salt dissolved an organic solvent. The 
discharge cell voltage of that battery was lower than 2.5 V and had good reversibility, by mean 
of one lithium insertion per one mol of TiS2. However, the cell had two main issues: first, the 
cell voltage was low and, thus, the cell showed low energy density; second, the lithium anode 
was prone to decay the performance because of dendrite formation during charging. Hence, 
seeking for intercalation chemistry to replace TiS2 began and has been continued until now.[64, 
65] 
 
2.5.1. Layered family 
Significant progress of research has been focused on the high specific capacity and high 
operational voltage positive (cathode) materials to meet the demand for reaching higher 
specific energy next-generation Li-ion batteries. Obtaining high specific energy is correlated 
with the energy difference between redox energies of anode and cathode. To better 
understand that the cathode needs to provide the stabilization of a higher oxidation state with 
a lower-lying energy band, where the anode needs to have the stabilization of lower oxidation 
states with a higher-lying energy band. According to John B. Goodenough, the top of the O2-:2p 
band lies at lower energy than that of the S2-:3p band.[66] This discovery shaded the light for 
the opportunity of using the oxides as a cathode due to lowering the redox energy by reaching 
lower-lying energy bands like Co3+/4+ and Ni3+/4+ (Figure 4). Thus, the possibility of enlarging 
the energy density was enabled by increasing the cell voltage as high as 4 V. 
 





LiCoO2 (LCO) as the first high voltage applicable oxide cathode with lithium metal anode and 
the electrolyte of LiBF6 in propylene carbonate (PC) for LIBs was reported in 1980.[12] The 
crystal structure of LiCoO2 has an α-NaFeO2-type layered structure where monovalent Li+ and 
trivalent Co3+ ions are arrayed in serial (111) planes, and oxygen atoms are ordered in a cubic 
closed packed framework of R3̅m hexagonal space group (Figure 5A). Also, according to the 
surrounding Li+ environment and the number of unique oxide layer stacking, the most stable 
crystal structure of LCO is under the classification of O3-type. The symbol of “O” stands for 
the octahedral coordination environment of Li+ ions surrounded by six oxygen, and “3” 
represents different stacking of oxygen atoms in a single unit.[67] The good cation ordering 
property of LCO comes from the large charge and size difference between monovalent Li+ and 
trivalent Co3+ ions.[64] Besides, its electronic structure displays relatively high electronic 
conductivity due to possessing direct Co-Co interaction with the shared octahedral edges 
along the cobalt planes.[64, 68] However, the semi-conductor state of LiCoO2 changes during 
the delithiation process, and it becomes the insulation-metal phase feature due to the 
introduction of electron holes into the low-spin Co3+/4+:t2g band.[69, 70] Apart from the 
conductivity, Co3+ provides stability to the structure owing to the fact of high octahedral-site 
stabilization energy (OSSE).[64] Although its theoretical capacity is as high as 272 mAh/g, the 
available capacity for the high-voltage operation has a limit of 140 mAh/g at 4.2 V vs. Li/Li+ 
because of the phase transition, surface degradation, and inhomogeneous reaction 
mechanism.[68, 71] The phase transition mechanism of LixCoO2 occurs until 4.2 V vs. Li/Li+ 
alternately in between the hexagonal to the monoclinic when Li content in the structure nearly 
falls by half (x =0.5) as called solid-solution reaction. Further delithiation (x<0.45) of LixCoO2 
leads to another phase transition from O3-type to H1-3 and then to O1-type of CoO2, where 
O1-type is a hexagonal single-layered and isostructural of CdI2 phase, and H1-3 is a hybrid 
structure of O3- and O1-type.[72] This, as called a two-phase reaction, takes place over 4.2 V 
vs. Li/Li+. The further delithiation causes the oxygen release from the crystal lattice due to the 
decrease of Fermi level within the trivalent Co3+ t2g band and then overlapping with the top of 
the 2p band of oxygen.[64, 73] The released oxygen in the cell induces an exothermic reaction 
with the flammable organic electrolyte resulting in safety hazards. Also, the high-voltage 
operation of LCO triggers organic electrolyte decomposition, the continuous formation of the 
cathode electrolyte interphase (CEI), and even Co dissolution.[74, 75] Therefore, the practical 




recent studies reveal that the particle size of LCO has a dramatic impact on the rate of Li+ ions 
diffusion, which affects power performance. Recently, Jena et al. demonstrated that LCO with 
larger particles shows inhomogeneous Li diffusion, and thus it shows a typical two-phase 
reaction over 4.2 V vs. Li/Li+. In contrast, LCO with small particles undergoes only the solid-
solution reaction, even over 4.2 V vs. Li/Li+, and better rate handling performance enabling 
high power.[76] Additionally, the cobalt price increase year by year because Co is a rare 
element with a total deposition of 29 ppm in the Earth’s crust.[77] Hiesh et al. also predicted 
that the cobalt price might increase annually by $ 27.3/kg in 2030.[78] The researchers have 
started the investigation of replacing Co with other transition metals on account of the safety 
issues, the high-cost, and voltage-limited performance of LCO. 
The analogous of LiCoO2 can be written as LiMO2 in which M represents transition metals such 
as Ti, V, Cr, Mn, Al, and Ni.[64, 79] Owing to the relatively low-cost of Ni than that of Co, 
Ohzuku et al. suggested LiNiO2 (LNO) as a high-voltage (ca. 4 V vs. Li/Li+) cathode material for 
LIBs in 1993.[80, 81] The LNO possesses the same structure as LCO; however, similar ionic radii 
of monovalent Li+ and divalent Ni2+ raise the issue that Ni2+ ions take place in the lithium layer, 
so-called ionic mixing (Figure 5B).[82] Therefore, the suggested general formula of LNO is Li1-
xNi1+xO2, where x depends on the synthesis conditions and has a direct impact on the reversible 
capacity.[83, 84] While LCO and LNO share the same theoretical capacity of 274 mAh/g, the 
practical capacity of LNO, over 200 mAh/g, is higher than that of LCO (ca. 140 mAh/g).[85] The 
oxidation of Ni2+ ions to the trivalent Ni3+ causes the local shrinkage of the inter-slab distance 
even at the first deintercalation process, which leads to irreversible capacity.[86] The in-depth 
delithiation process of Li1-xNi1+xO2 involves phase transformation like LCO, from hexagonal to 
monoclinic and again to hexagonal.[84] Similarly to LCO, in Figure 4, the Ni3+/4+ band touch 
upon the top of the 2p band of O2-, which provokes the oxygen release from the structure and 
hence severe safety issues (thermal runaway). Therefore, recently, the substitution of LNO 
with different transition metals plays a crucial role in improving structural stabilization and 






Figure 5. A) Structural illustration of LiCoO2. B) Structural illustration of partial cation mixed 
phase with TM (transition metal) ions in Li slab. 
 
Recent strategies to improve thermal, structural and electrochemical stabilization of 
transition metal oxide layered cathode materials for LIBs are that using different transition 
metals to form binary or ternary metal oxides. The most promising ternary metal oxide family 
can be distinguished into two main classes: the ones with Ni, Co, and Al (NCA family) and those 
with Ni, Co, and Mn (NCM family).  
NCA family cathodes can be generalized with the formula of LiNi1-x-yCoxAlyO2 (NCA), where 1-
x-y can be equal or higher than 0.8.[87] Therefore, they are also known as Ni-rich cathode 
materials for LIBs. LiNi0.8Co0.15Al0.05O2 is the most widely researched material among NCA 
family cathodes for LIBs due to its relatively lower-toxicity and high energy-density (180-
200 Wh/kg for the voltage window of 3.0-4.2 V vs. Li/Li+).[88, 89] Therefore, it has been 
started using for commercial applications. For example, Tesla Motor Corporation recently uses 
the Panasonic NCA cathode in its Model S and Model X.[90] NCA also has the same R3̅m 
hexagonal layered structure as LNO. Instead of just Ni3+, Co3+ and Al3+ are substituted in Ni3+ 
octahedral sites resulting in a slightly different lattice. The presence of Co3+ and Al 3+ in the 
NCA structure provides the bond strength by stabilizing Ni3+, which prevents the phase 
transition of NCA during the electrochemical process.[91-93] Although Al is an 
electrochemically inactive element, it increases the thermal stability and the capacity 
retention of NCA even at the low stoichiometric substitution of Al in the structure like 5%.[94, 
95] However, the practical-obtained capacity of NCA is limited ca. 200 mAh/g, because of 




For instance, even during the first cycle, the surface structure starts changing: the layered 
hexagonal structure turns to a partially ordered spinel (Fd3̅m) structure as a middle phase and 
then to a disordered electrochemically inactive NiO-like rock salt structure (Fm3̅m), which is 
attributed to irreversible capacity lost from the first cycle.[96, 97] Moreover, overcharging or 
deep delithiation (over 4.2 V vs. Li/Li+) causes the same complex structure transformation 
from the outer surface (rock salt NiO) to the inner surface (layered hexagonal structure) of the 
NCA grains.[96] Therefore, the suggested discharge depth of NCA is set up to 60%.[98] Besides, 
the complex-inhomogeneous structural change causes a reduction of transition metal ions, 
resulting in oxygen loss due to balance the charge neutrality, and also microcrack formation 
occurs because of the anisotropic volume expansion/contraction.[96, 99] Liquid electrolyte 
can easily penetrate to the microcracks once the crack is initiated. Then the penetrated 
electrolyte leads to more NiO-like rock salt structure formation on the surface of the grains, 
eventuate in continuous capacity decay during the electrochemical cyclic process. Surface 
coating and bulk phase doping can be given as a modification method for NCA cathodes to 
improve their cyclic stability. The main goal of the surface coating method is to prevent direct 
contact between the active material and electrolyte and to lower the electron transport 
paths.[100] Carbon and its derivatives, due to their relatively low density (e.g., 1.06 g/cm3 for 
graphene) and conductivity properties [101, 102], oxides (e.g., SnO2[103], TiO2[104]), fluorides 
(e.g., AlF3[105], MgF2[106]), polymers (e.g., polyaniline[107]) and even the other cathode 
active materials (e.g., LiCoO2[108], LiFePO4[109]) for LIBs can be used for the surface coating 
of NCA. The bulk phase doping, which can be classified into two groups like cationic and 
anionic doping, focuses on improving the structural stability by decreasing the amount of 
occupancy of Ni2+ in the Li+ vacancy layer in the structure of NCA.[100] While the cationic 
doping can be carried out with Mn, Ti, Fe, Na, K [110-112], and so on, anionic doping of NCA 
is possible applying F-, Br-, S2- [113-115], etc. By far, there is no one gold technique for solving 
the numerous challenges. Structure stability, mitigation of phase transformation, and thermal 
runaway can be solved by ionic substitution, while interface reactions require surface coating. 
The NCM family with the general formula of LiNi1-x-yCoxMnyO2 (NCM) crystallize in the R3̅m 
hexagonal layered structure system. The NCM cathode has been attracted great attention due 
to its high theoretical capacity (ca. 275 mAh/g) and low volume change of less than 2% during 
the lithiation/delithiation process for the potential lower than 4 V vs. Li/Li+.[116] 




introduced by Ohzuku et al. in 2001 with the specific capacity of 150 mAh/g in 3.5-4.2 V vs. 
Li/Li+, and 200 mAh/g in 3.5-5.0 V vs. Li/Li+.[117] After that, different Ni, Co, and Mn 
stoichiometry involving NCM family members can be exemplified with LiNi0.4Co0.2Mn0.4O2 
(NCM424), LiNi0.5Co0.2Mn0.3O2 (NCM523), LiNi0.6Co0.2Mn0.2O2 (NCM622), and 
LiNi0.8Co0.1Mn0.1O2 (NCM811). Although there is a wide range of NCM cathodes, the recent 
research trend has been going in the direction of increasing Ni content and hence decreasing 
the Co content in NCM. Increasing the Ni content in NCM brings along the advantage of 
enlarging the specific capacity of NCM. On the other hand, decreasing the Co amount in NCM 
can be favor with lowering the cost of the cathode, which is 35% of the total cost for a lithium-
ion cell.[98] At the operating voltage of 3.0-4.3 V vs. Li/Li+, NCM111 has a specific capacity of 
ca. 160 mAh/g, whereas the specific capacity of the Ni-rich NCM cathodes can be enhanced 
to 170 mAh/g for NCM523, to 180 mAh/g for NCM622, and even to 200 mAh/g for 
NCM811.[98] Besides, Mn in the NCM is electrochemically inactive but, Mn contributes to 
chemical stabilization of the NCM by decreasing the oxygen release from the lattice because 
of the well above energy band of Mn3+/4+ than the top of the O2- p-band (Figure 4).[64] On the 
other hand, the low OSSE of Mn might cause a structural change from layered to spinel, 
leading to voltage decay during the lithiation/delithiation cyclic process.[64] The largest 
contribution to the structural stability of NMC results from Co, which also provides increasing 
conductivity causing in better rate capability. [64, 118] Considering the role of Ni in NCM 
cathodes, as mentioned above, increasing its stoichiometric amount in the structure enhances 
the specific capacity. However, it comes with the cost of lowering the thermal stability and 
capacity retention, as seen in Figure 6A.[118] Recent research has been shown that the poor 
electrochemical performance of NCM cathodes can be explained with these main reasons; 
cation mixing, phase transformation, microcracking, and cathode-electrolyte interphase 
parasitic reactions (Figure 6B). In an ideal R3̅m structure, the transition metal sites, and 
lithium sites should be separated; however, there can be a cation mixing of Ni (mostly), Co, 
and Mn in the Li slabs for NCM cathodes, just like LNO structure (Figure 6B).[119] This 
phenomenon can take place during material synthesis, but also during the delithiation process 
of NCM at a high operating voltage such as over 4.3 V vs. Li/Li+.[120, 121] The Ni occupancy in 
the Li slabs leads to narrowing the distance between the transition metal slabs, resulting in 
decreasing the lithium diffusion in the Li slabs, and hence poor electrochemical performance. 




structural transformation from layered R3̅m structure to Li-deficient (disordered) spinel Fd3̅m 
structure by the cation mixing and further delithiation generates the formation of rock salt 
NiO (Fm 3̅ m) structure via oxygen evolution.[121] While the rock salt cubic phase 
transformation occurs near the surface of the NCM cathode, the Li-deficient spinel phase 
appears in the subsurface (Figure 6B). The generated NiO on the surface of the NCM particles 
acts as a passivation layer that blocks the Li+ ion diffusion, hence affecting adversely on the 
capacity retention.[119] Furthermore, potential higher than 4 V vs. Li/Li+ causes a drastic 
volume change of NCM cathodes and, thus, mechanical stress on the particles that would 
generate microcracks.[122] The emergent microcracks lead to electrical contact loss between 
particles as well as the current collector and particles. Besides, the electrolyte penetrates into 
those microcracks, it gets into contact with the inner-fresh active material, resulting in new 
cathode-electrolyte interphase (CEI). The CEI formation occurs on the surface/interface of the 
cathode particles as a film, which lowers the Li+ ion diffusion rate and even blocks the Li+ ion 
paths. For example, LiO2, Li2CO3, MFx (M: transition metal), LiF, etc., can be the product for 
commercial ethylene carbonate (EC)-based electrolytes with lithium hexafluorophosphate 
(LiFP6).[123] Even a trace amount of H2O can trigger the HF generation, which causes the 
dissolution of the highly oxidative Ni4+ and even Co4+ into the electrolyte.[124] Therefore, 
further developments for NCM cathodes are required to maintain its high capacity and cyclic 
stability at high operating voltages. In order to achieve that, different modification techniques 







Figure 6. A)Relationship between discharge capacity, thermal stability, and capacity retention 
of the NCM electrodes (inspired by [118]). B) Degradation mechanism illustration of the NCM 
cathodes (inspired by [121]). 
 
2.5.2. Spinel oxide family 
Spinel cathodes can be crystallographically categorized with two main classes: cation-order 
spinel and cation disorder spinel. The cation-order spinels with the space group of P4332 can 
be synthesized at low temperatures (<650 °C); on the other hand, the cation-disordered, also 
known as the oxygen-deficient structures, can be obtained at high temperatures 
(≥650 °C).[131] The cation-disordered spinel cathodes show better electrochemical 
performance compared to the cation-ordered spinel cathodes.[132] 
The cation-disordered spinels have a general formula of AB2O4, where the oxygen atoms 
occupy the 32e site, A stands for the cations on the tetrahedral sites (8a), and B refers to the 
cations on the octahedral sites (16d) in the cubic (Fd3̅m) structure.[133] After discovering that 
spinel Fe3O4 can host material for Li+ ion in the structure, spinel LixMn2O4 (LMO) took a wide 
range of attention as a second class cathode for LIBs due to its low toxicity and low cost 
compared to layered cathodes.[134, 135] In the structure of LMO (see Figure 7A), the lithium 
atoms at the tetrahedral site (8a) share a face with the vacant octahedral sites (16c), which 
creates a three-dimensional empty channel for Li+ ions migration.[136] That three-
dimensional framework of LMO brings an advantage of fast lithium diffusion pathways and 
fast Li+ ion conductivity, thus good rate capability; however, the theoretical capacity 
(148 mAh/g) and poor cyclic stability of LMO is its drawback.[137] The irreversible phase 
transformation for deeply discharging and the Mn dissolution can be responsible for the fast 





Figure 7. A) Structural illustration of LiMn2O4. B) Illustration of the dissolution mechanism of 
spinel LiMn2O4 (inspired by [139]). 
 
The lithium insertion/extraction of LMO can be divided into two regions; above and below 3 V 
vs. Li/Li+.[140] For the region above 3 V, during the lithium extraction, the LixMn2O4 spinel 
structure transforms to the cubic λ-MnO2 (Mn2O4, Fd3̅m) phase within two steps; the first step 
occurs at 3.9 V vs. Li/Li+ (while 0.45<x<1.0), and the second step takes place at 4.1 V vs. Li/Li+ 
(0.1<x<0.45).[140] The obtained λ-MnO2 phase crystallizes in the Mn2O4 spinel 
framework.[133] The unit cell contraction and expansion between those phases are small 
(7.6%), which provides structural stability to the LMO structure during lithiation/delithiation 
for the above 3 V region operated cells.[140, 141] For the below 3 V region, the studies 
revealed that additional lithium insertion into the LMO results in the two-phase reaction, 
where LixMn2O4 transforms to tetragonal Li2Mn2O4 (I41/amd) phase.[133] When the excess 
amount of Li+ ion is introduced to the LMO structure, the population of Mn3+ ions in the 
structure increases. Such a case leads to Jahn-Teller distortion resulting in phase 
transformation of the structure and Mn disproportionation reaction on the surface of the 
electrode. The one reason for the poor cyclic stability of LMO at a deep-discharging state can 
be explained by large volume expansion (16%) during the phase transformation.[142] Hence, 
discharging below 3 V is avoided to be able to ensure better cyclic stability performance. 
The Mn dissolution from LMO in acidic media is a well-known phenomenon even before its 
use for LIBs.[143] The trace amount of H2O in the electrolyte might react with the 
commercially available organic electrolytes containing LiPF6 salt, and resulting in HF 
production. The resulting HF reacts with the surface of the LMO particles and leads to Mn 




lead in manganese disproportionation reaction, where Mn3+ ions turn into Mn4+ and soluble 
Mn2+ ions (Figure 7B). Some of the Mn2+ ions migrate to the graphite anode and deposit on 
the surface of the anode, while some of the Mn2+ ions re-precipitate on the surface of the 
cathode and increase the electrode impedance.[139, 144-146] 
Surface coating of LMO particles and cation substitution into the octahedral site (16d) of the 
LMO structure have been used as approaches to overcome the limiting factors of the 
electrochemical performance of LMO. The aim of the surface coating technique is that 
suppressing Mn dissolution by protecting the surface of LMO from the attack of HF. Different 
types of oxides (e.g., ZnO ZrO2, Li2ZrO3, Al2O3, SiO [147-149], etc.), fluorides (e.g., YF3, and SrF2 
[150, 151]), and phosphates (e.g., FePO4, and AlPO4 [152, 153]) can be given as examples of 
the coating of the LMO surface. The goal of the cation substitution into the LMO structure is 
that decreasing the Mn3+ content and lowering the level of Mn2+ dissolution in the electrolyte. 
The different cations have been successfully substituted into the LMO structure, such as Co2+, 
Al3+, and Ni2+, and the resulted general formula of the substituted LMO spinel is LiMxMn2-xO4 
(M: cation source and 0≤x≤1).[154, 155] For instance, Ni-substituted LiNixMn2-xO4 (LNMO) has 
a great interest due to its high operation potential compared to LMO. 
In an ideal structure of the LNMO spinel, the divalent state of Ni and the tetravalent state of 
Mn share the octahedral site (16d), while no trivalent state of Mn exists. In theory, the absence 
of the Mn3+ ions in the structure should lead to a Jahn-Teller distortion-free structure.[156] 
The electrochemically active Ni2+ contributes to the electrochemical process by Ni2+/Ni3+ and 
Ni3+/Ni4+ redox couples at around 4.7 V vs. Li/Li+.[157] Although the theoretical capacity of 
LiNi0.5Mn1.5O4 is 147 mAh/g for the case of extraction of all Li+ ions from the structure, the 
obtained-reversible capacity is about 135 mAh/g.[64, 158] The high electrochemical activation 
potential brings along the electrolyte decomposition for conventional organic electrolytes for 
LIBs, and also high-temperature synthesis causes the oxygen loss from LNMO, resulting in the 
formation of a rock salt LiyNiyO as an impurity phase, and increasing the Mn3+ content in the 
LNMO structure.[156, 158] 
 
2.5.3. Polyanion (Oivine) family 
The olivine structures are under crystallize in an orthorhombic space group with the general 
formula MxAOy, where M stands for the transition metal atoms in half of the octahedral site 




as (SO4)2-, (PO4)3-, (MoO4)2-, and (WO4)2-).[159, 160] The polyanions can provide a possibility 
to change the redox energy of the transition metal ions (see Figure 8A), and also, strong 
covalent bonding in the tetrahedral polyanions stabilize the entire structure.[160, 161] Hence, 
lithium transition metal phosphates with the general formula of LiMPO4 (M: Fe, Mn, Co, Ni) 
and the theoretical capacity of ca. 167-171 mAh/g have been attracted much attention after 
the first discovery of LiFePO4 (LFP) in 1997.[160, 162] 
The progress on LFP cathodes shows that the (PO4)3- polyanion in LFP structure conduce to 
lowering the Fermi energy level of Fe3+/Fe2+ redox couple to a useful level (3.4 V vs. Li/Li+ for 
Fe3+/Fe2+), which is called an ‘’inductive effect’’.[161, 163] In addition to that, the strong P-O 
covalent bonds in the (PO4)3- polyanion provide high stability to the LFP structure (see 
Figure 8B), which prevents the oxygen evolution from the structure during the delithiation 
process. The excellent cyclic stability of LFP is correlated with the reversible phase 
transformation between LiFePO4 and FePO4, which crystallize in the same space group (Pbnm). 
The LFP also exhibits a low volume change of 6% during the lithiation/delithiation process.[160] 
However, the lack of a continuous FeO6 octahedral network in the LFP structure causes low 
electronic conductivity (ca. 10-9 S/cm), resulting in poor rate handling capability for high 
current rates.[164, 165] Therefore, recent investigations have been focused on improving the 
rate handling capability of LFP by coating the surface with conductive materials, such as 
carbon and its derivatives.[166-168] The optimization of carbon coating thickness has been 
shown as a critical factor. Thin carbon leads to poor rate capability performance due to an 
insufficient conductive network. A thick carbon layer restricts the Li+ ion diffusion through the 
LFP, which leads to a loss of specific capacity.[167, 169] Still, the relatively low operational 
potential of LFP (ca. 3.4 V vs. Li/Li+) compared to other cathode materials narrows down its 
use for high energy applications. Therefore, the research focus has moved to other LiMPO4 





Figure 8. A) Schematic derivation of the energy diagram of Fe-based polyanion cathodes 
(inspired by [163]). B) Structural illustration of LiFePO4. 
 
LiMnPO4 and LiCoPO4 are considered as promising cathode material candidates for LIBs due 
to their high theoretical operational potentials, 4.1 V and 4.8 V vs. Li/Li+, respectively.[165, 
170] Similarly to LiFePO4, LiMnPO4 possesses low electronic conductivity (1.8×10-8 S/cm) and 
exhibits performance decay at high current rates.[171] Decreasing the particle size, carbon 
coating, and Fe substitution to the LiMnPO4 to form the LiMnyFe1-yPO4 (LMFP) phase can be 
counted as methods to improve its electrochemical performance.[172-174] The well-
engineered LiMnyFe1-yPO4 results in the coexisting of Fe and Mn at the octahedral site (4c) and 
thus, partially increases the electronic conductivity, and therefore improved rate capability. 
However, the rapid capacity drop occurs at y > 0.8 due to increase of structure 
polarization.[160, 174] Therefore, LiMn0.8Fe0.2PO4 has been accepted as the optimized phase 
for LMFP materials. Since the electronic conductivity of LMFP (2.3 × 10-3 S/cm) is still 
insufficient, carbon coating and reduction of particle size techniques have also been applied 
to LMFP cathodes. For example, recently, carbon-coated nanosized LiMn0.8Fe0.2PO4 displays 
robust rate handling ability, like delivering a specific capacity of 110 mAh/g at a high rate of 
10C.[175] Unlike the layer oxide cathodes, surface reactivity, and structural stability of 
polyanion materials are robust. However, the drawback of polyanion materials is the low 
intercalation potential, low electronic conductivity, and moderate capacity. For further 
improving this material by the transition metal substitution, nano-synthesis and carbon 





2.6. Negative electrodes (Anodes) 
Since the beginning of the LIBs development, lithium metal was used as an anode due to its 
extremely high theoretical capacity (3,860 mAh/g), low density (0.59 g/cm3), and low negative 
electrochemical potential (-3.04 V vs. the standard hydrogen electrode (SHE)).[176] However, 
two major problems have been recognized; first, dendrite formation during Li deposition 
processes leading to internal short circuits resulting in safety hazards like a thermal runaway: 
second, low Coulombic efficiency (CE).[176, 177] The low CE can be partially solved using an 
excess amount of Li while avoiding the dendrite formation requires more advanced 
techniques. One of the approaches is based on using the different electrolyte systems to 
improve the stability of the solid electrolyte interface (SEI) on the Li metal, which is cracked 
during Li stripping at high currents, and the Li deposition process.[177] The research on Li 
metal anode is revisited and has been in intensive progress, but it is not yet ready for 
commercialization. Therefore, in the meantime, the alternative anodes for LIBs have been 
researched. To do so, one can find materials that react with lithium-ion via two different 
mechanisms. These mechanisms are insertion reaction and conversion reaction. By definition, 
the insertion reaction involves the insertion of guest ions (Li+) into a normally unoccupied 
interstitial site in the crystal structure. Strictly speaking, often when the host materials are 
layered materials (e.g., graphite), it is called intercalation reaction. Although the chemical 
composition of the original material can be changed (seen as solid solution), 
insertion/intercalation reaction does not result in their basic structural changes. Additionally, 
the interaction between lithium and host materials is rather ionic bonding instead of covalent 
bonding. 
Conversion reaction or reconstitution reaction is the reaction between materials and lithium, 
which results in a new phase grow and the other disappear. The microstructure of one or more 
gets significantly changed or reconstruct the phase according to the chemical composition 
(known as phase diagram). The conversion reaction can be seen in two main types, including 
formation reaction and displacement reaction.[178] As for the formation reaction, it is the 
reaction where a new phase is formed in one electrode resulting in the modification of 
microstructure. The reaction mechanism can be seen in Equation 15: 
A + B ↔ AB (15) 
In the anode materials, one can think of the alloying reaction as the formation reaction. For 




amorphous structure. Another formation reaction can be seen in the lithium-sulfur battery, 
where S8 ring molecule is converted to poly-sulfide and finally to LiS2. 
The displacement reaction involves the displacement process, which results in two new 
phases in the electrode (Equation 16): 
A + BX ↔ AX + B (16) 
Specie A is reacted with BX by replacing B. The resulting products are AX and B, which are 
completely new phases compared with reactants. As noted, the main driving force of 
displacement reaction is determined by thermodynamic stability. The free energy of the 
formation of AX must be lower than that of BX. As an example of a displacement reaction, 
many metal oxides have been studied.[179] In the following sections, all mechanisms will be 
discussed in light of the state-of-the-art materials. 
 
2.6.1. Intercalation/insertion type anodes 
After Sony introduced the first lithium-ion battery to the market in 1991, the interest in 
carbonaceous compounds as a negative electrode for LIBs has been widely increased by 
years.[180] Although all carbonaceous materials (e.g., hard carbon, soft carbon, graphite, etc.) 
can be the host for lithium ions, their electrochemical performance as a negative electrode 
for LIBs is disparate from each other. The most used anode material, graphite, has a high 
theoretical capacity of 372 mAh/g within a potential range of 0 to 0.25 V vs. Li/Li+.[181] The 
most stable graphite structure arranged in ABAB stacking can be described as a layered 
hexagonal structure where the carbon atoms are located in a planar system, called graphene 
layers (Figure 9A).[182, 183] Although there is another graphite structure under the 
rhombohedral space group with ABCABC stacking order, both hexagonal as well as 
rhombohedral phases of graphite display similar capacities and intercalation mechanism. They 
transform into AA stacking by hosting the lithium in the center of carbon rings between the 
graphene layers.[184] The intercalation mechanism of lithium occurs with two-phase plateaus, 
which is well-known as a staging phenomenon (Figure 9B).[180, 184] The stage number 
describes the unoccupied graphene layers between two occupied by Li layers. The interplanar 
distance of graphene layers of the fully lithiated graphite (LiC6 at stage I) enlarges to 3.70 Å 
compared to the initial state (3.35 Å).[185] Even though the theoretical lithium intercalation 
is fully reversible, the first cycle displays an irreversible capacity of around 10-20% when using 




surface at ca. 0.8 V vs. Li/Li+ (Figure 10A-B).[184] The quality of SEI formation has a direct 
impact on the cyclic stability and safety aspects. The SEI film must exhibit a good Li+ 
conductivity and prevent Li+-solvent co-intercalation into the graphite layers.[186] The Li+-
solvent co-intercalation leads to expanding the graphite matrix (ca. 150%), resulting in 
capacity fading due to graphite lattice deterioration (exfoliation).[187] Since 1990, ethylene 
carbonate (EC) based electrolytes with low viscosity solvents such as dimethyl carbonate 
(DMC) and diethyl carbonate (DEC) have been in use because of partially blocking excessive 
Li+-solvent co-intercalation by their effective film formation on the graphite surface.[16, 22, 
188] The main drawback of graphite is its low operational potential, which triggers the lithium 
plating at high currents and low temperatures. When Li plating occurs on the graphite surface, 
it is accompanied by lithium and capacity loss, which is followed by additional SEI formation 
on the plated lithium surface. Also, further lithium deposition on the plated lithium grows as 
a so-called dendrite formation, which provokes the internal short-circuit and hence thermal 
runaway.[189] 
 
Figure 9. A) Structural illustration of graphite. B) Stage formation during lithiation into 
graphite (inspired by [184]). 
 
Amorphous carbons, such as hard carbon (non-graphitizable) and soft carbon (graphitizable), 
has been used as an anode for LIBs. The hard carbon possesses small crystallites with several 
layers that are oriented randomly (Figure 10B).[190] The practical capacity of hard carbon is 
higher than that of the theoretical capacity of graphite due to capacitive contribution by 
lithium adsorption in the inner porosity.[191] However, the irreversible capacity is extremely 
high for the first cycle because of high surface area reactions such as additional SEI formation 




to 0 V vs. Li/Li+, which causes the lithium plating at high currents, eventuating in safety hazards; 
therefore, the obtainable specific capacity from hard carbon is limited for industrial 
applications.[192] On the other hand, soft carbon is known as low specific capacity carbon 
because of its smaller reversible capacity of 240-280 mAh/g.[184, 193] Due to those 
drawbacks of hard and soft carbon, the vast majority of commercial LIBs are built with a 
graphite anode. 
 
Figure 10. A) Schematic illustration of exfoliation graphene layer and SEI formation on the 
graphite (inspired by [139]). B) Typical voltage profiles for soft and hard carbon and graphite 
with their schematic illustrations (inset) (inspired by [194]). 
 
The research interest has been dragged to the direction of insertion type metal oxides (e.g., 
TiO2, Li4Ti5O12, etc.) to overcome graphite anode safety concerns. One of the insertion type 
metal oxides is TiO2 as an alternative anode material for LIBs. Its polymorphs, such as anatase, 
rutile, brookite, and bronze, have been widely reported.[195] While all polymorphs have the 
same theoretical capacity of ca. 335 mAh/g for one mole lithium per formula, reaction 
mechanisms and Li insertion potentials vary.[196] For example, the insertion potential of the 
anatase phase is ca. 1.75 V vs. Li/Li+, while it is lower for the bronze phase, like 1.55 V vs. Li/Li+. 
Therefore, the bronze phase offers a higher energy density than the anatase phase. Moreover, 
the anatase phase exhibits a multi-step insertion mechanism, starting with a solid-solution 
reaction followed by a two-phase reaction. On the other hand, the bronze phase displays a 
simple two-phase insertion mechanism. However, TiO2 phases are restricted by poor electrical 
conductivity, low Li diffusion coefficient (e.g., anatase: 10- 17 cm2/s), and practical capacity of 




Another up-and-coming alternative candidate for graphite is lithium titanate (Li4Ti5O12, LTO) 
due to its intrinsic properties, such as high insertion potential (ca. 1.5 V vs. Li/Li+) and zero-
strain insertion property during the electrochemical cyclic process.[198] The crystal structure 
of LTO is a spinel structure under the space group of Fd3̅m, where tetrahedral 8a sites are 
occupied by lithium and the octahedral 16d sites are shared by titanium and lithium with an 
atomic ratio of 5:1, respectively (Figure 11A).[199] The lithium insertion causes the phase 
transformation from spinel LTO to rock salt Li7Ti5O12 phase with a minor lattice contraction 
from 8.3595 Å to 8.3538 Å, respectively, resulting in the unit cell volume change of only 
0.2%.[200] This small volume change, as called zero strain, provides superior structural 
stability to the LTO anode and prevents the LTO particles from microcrack issue, unlike the 
other insertion materials.[98] On the other hand, the high insertion potential of LTO at about 
1.5 V vs. Li/Li+ with a flat plateau (Figure 11B) prohibits the SEI formation, thereby supplying 
better safety than graphite anode but lowering the nominal cell voltage of 2.4 V than that of 
conventional LIBs (3.7 V).[98, 199] Moreover, one of the drawbacks of LTO is its low 
theoretical capacity of 175 mAh/g for three mole lithium per formula compared to graphite. 
Another drawback of LTO is its low electrical conductivity (10-8-10-13 S/cm) and low lithium 
diffusion coefficient (10-13-10-9 cm2/s), which results in poor rate handling ability.[98, 201-205] 
Lattice doping, surface coating, forming a composite or hybrid with carbon, and reduction of 
particle size can be counted as the way of improvement of the ionic and electronic 
conductivity.[206-209] For example, hollow microsphere Li4Ti5O12 coated with N-doped 
carbon particles showed a specific capacity of 141 mAh/g at a high C-rate of 20C.[206] 
However, even the improved performance of LTO still cannot meet the demand for desired 
high power LIBs. Therefore, the research on the better insertion-type of metal oxide anodes 






Figure 11. A) Structural illustration of Li4Ti5O12. B) Typical voltage profile of Li4Ti5O12 anode 
(inspired by [194]). 
 
Vanadium and niobium-based oxides, such as V2O3, Nb2O5, Ti2Nb10O29, etc., have been started 
investigating because of their wide range of oxidation states. Among vanadium-based oxides, 
few studies on vanadium trioxide (V2O3) assumes that it can be an insertion or conversion 
anode for LIBs. According to the insertion mechanism, the theoretical capacity of V2O3 is 
356 mAh/g or 179 mAh/g, which are the numbers higher than that of the LTO anode.[210, 211] 
Although the high theoretical capacity of V2O3 and low voltage applicability (lower 1 V vs. Li/Li+) 
makes it a possible promising candidate as an anode, the poor cycling stability and rate 
handling ability is its obstacles.[212] In the niobium-based oxides family, Nb2O5 has been 
shown as an alternative anode due to its high theoretical capacity of 200 mAh/g and SEI 
formation avoidable operation potential (above 1 V vs. Li/Li+). In addition to that, Nb2O5 can 
be formed with different crystal structures, such as tetragonal, hexagonal, orthorhombic, and 
monoclinic, which brings along the advantage of different electrochemical responses. Another 
niobium-based anode family member is Ti2Nb10O29, which possesses a higher theoretical 
capacity of 396 mAh/g than commercially in use insertion type metal oxide anodes, such as 
TiO2, LTO. However, low electronic conductivity (ca. 5×10-9 S/cm) leads to poor rate handling 
ability. Although each of those metal oxide anodes can be a great candidate for replacing 
commercial anodes, their electrochemical performances need to be improved by new 






2.6.2. Formation type anodes 
As aforementioned, formation is the reaction mechanism resulting in a new phase within the 
electrode materials. Usually, such a mechanism provides a higher capacity than the insertion 
mechanism. Among other anode materials, formation type anode materials result in high 
energy density and relatively low cost.[213] However, there are some handicaps regarding 
durability and life cycle due to their large volume expansion/contraction during the 
charging/discharging processes. The group IVA elements, silicon (Si), germanium (Ge), tin (Sn), 
and lead (Pb) can be given as examples, which can form alloys with lithium by following the 
route of the formation reaction. The obtained alloy exhibits different physical properties than 
either from lithium or the group IVA elements. In addition to the group IVA elements, various 
other elements have been investigated, such as Al, [214] Sb, [215] Zn, In, Cd [216], Mg, Bi, 
[217, 218] etc. In the following subsections, the most promising materials for real applications 
will be briefly discussed. 
Silicon 
Reasons for silicon as a promising anode candidate for LIBs are their extremely high theoretical 
capacity (4200 mAh/g, Figure 12A), high abundancy, low costs, and non-toxicity.[219, 220] At 
the elevated temperature (415 °C), Wen et al. presented that silicon and lithium undergo the 
formation of Li12Si7, Li7Si3, Li13Si4, and Li22Si5 (Li4.4Si).[221] The theoretical capacity calculation 
of silicon is based on the Li4.4Si alloy phase, where one silicon atom can accommodate a 
maximum of 4.4 lithium. However, room temperature experiments have shown that the 
voltage profile of silicon exhibits a relatively flat voltage plateau around 0.1 V vs. Li/Li+, and 
the metastable Li15Si4 (Li3.75Si) phase instead of Li4.4Si occurs at the end of the lithiation.[222] 
The first lithiation mechanism of crystalline Si can be given as the following Equation 17 and 
18: 
Si + xLi+ + xe− → LixSi (17) 
LixSi + (3.75 − x)Li
+ + (3.75 − x)e− → Li15Si4 (18) 
Equation 17 represents the amorphization of crystalline Si by the formation of the amorphous 
LixSi phase until the potential reaches 50 mV vs. Li/Li+. On the other hand, further dropping of 
the voltage leads to the crystallization of the amorphous LixSi phase to crystalline Li15Si4 
(Equation 18). The well-known amorphization of silicon anode occurs at the first delithiation 
process (Equation 19), where the crystalline Li15Si4 phase partially transforms into amorphous 




Li15Si4 → Si + yLi
+ + ye− (19) 
The lithiation process of silicon causes large volume expansion of ca. 280%, followed by 
pulverization, electrode delamination from the current collector, and instability of SEI on the 
silicon particles (Figure 12B), therefore, poor cyclic stability.[224] Moreover, the electronic 
conductivity (ca. 10-3 S/cm) and the lithium diffusion coefficient (10-14-10-13 cm2/s) in Si is 
relatively low, which hinders the performance of a silicon anode for high currents.[225] Nano-
sized silicon particles can compensate for the volume change and shorten the lithium path, 
which eventuates in improved cyclic stability and rate handling performance. Another 
approach to further improve the performance of the silicon anode can be made by 
synthesizing silicon together with conductive carbon (e.g., carbon nanotubes (CNTs), graphite, 
etc.) to decrease the electrode resistance and advance rate handling performance. Although 
nanosized hybrid silicon/carbon can increase the cyclic stability performance of ca. 35%, there 
is still room for further improvement. Therefore, tremendous effort has been recently 
devoted to silicon nanowires due to their large strain, volume accommodation properties, and 
1D electronic pathways for efficient charge transport.[225, 226] 
 
 
Figure 12. A) Theoretical capacities of some of the formation type anodes. B) Failure 
mechanism of silicon anode (inspired by [227]). 
 
Aluminum 
Aluminum is an attractive anode material for LIBs due to its low cost, high abundance, and 
excellent electronic conductivity, on top of its relatively low atomic weight compared to Si 
anode.[228] According to the Al-Li binary phase diagram, AlLi, Al2Li3, and Al4Li9 are the possible 




while the theoretical capacity is 993 mAh/g for AlLi alloy.[214] However, as in the case of the 
silicon anode, the major challenge of an Al anode is its poor cyclic stability, which can be 
explained by two main reasons. First, the unit cell volume expansion of Al (ca. 96% for AlLi 
formation) during lithiation leads to instability of the SEI layer on the surface of Al particles, 
resulting in low coulombic efficiency.[230, 231] Second, Li-Al alloying leads to the 
pulverization of active material because of volume expansion/compaction, thus losing the 
electrical contact between the active material and current collector.[228] Recently, a carefully 
designed Al-TiO2 yolk-shell approach has been suggested, where the TiO2 shell faces with 
electrolyte and prevents the inner aluminum particles from SEI formation on them. In such a 
scenario, the yolk-shell-designed particles showed robust cyclic stability with a specific 
capacity of ca. 1100 mAh/g.[228] 
The other elements 
Germanium has gained attention due to the relatively higher lithium diffusion coefficient (10-
12-10-10 cm2/s) and electronic conductivity (ca. 1.45×10-2 S/cm) compared to silicon, despite 
its discouraging cost and a lower theoretical capacity (1623 mAh/g for Li15Ge4, Figure 12A) 
than that of silicon.[218, 222, 232] Unlike silicon anode, the rate handling performance of Ge 
is superior compared to silicon anode because the diffusivity of lithium in Ge is 400 times 
higher than that of lithium in Si at room temperature. Hence, the particle size of Ge is not 
necessary to be smaller than Si to achieve superior performance.[233] In addition, the 
isotropic lithiation process prevents its particles from the cracking issue differently than silicon. 
However, similar to Si anodes, Ge also suffers from volume expansion (>300%) during the 
electrochemical process, where crystalline Ge particles transform to highly porous amorphous 
materials resulting in rapid capacity decay.[222] Therefore, the more advanced design of Ge 
anodes is still necessary. 
Tin possesses the theoretical capacity of 900 mAh/g for Li22Sn5, which is similar to the capacity 
of Si and Ge (Figure 12A).[218] Another attractive property of Sn is its high electronic 
conductivity of 9.1×104 S/cm.[234] However, the brittle Li17Sn4 phase forms on the particles 
instead of the Li22Sn5 phase.[235] Like the other formation type anode materials, tin also 
exhibits poor cyclic stability. Unlike others, reducing the particle size of tin does not favor 
improving the lifespan. The studies showed that Sn particles undergo microcracking formation 
during lithiation and become porous after delithiation, which one can explain by less 




Antimony (Sb) exhibits a high electronic conductivity (2.5 ×104 S/cm) and relatively high 
theoretical capacity (660 mAh/g for Li3Sb, Figure 12A). The two-dimensional puckered layer 
structure of antimony makes Sb a promising anode candidate for LIB applications.[234] During 
lithiation, rhombohedral Sb transforms into the hexagonal Li2Sb phase and finally reaches to 
cubic Li3Sb phase.[215] The volume change of 135% during the lithiation process and thus 
poor cycle life are its drawbacks like the other formation type anodes.[236] Different design 
nanostructured Sb particles have been applied for LIBs to decrease the strain and thus 
enhance the cycle life performance.[237] Nanoparticles agglomeration has been pointed at as 
another reason for the short cycle life of Sb. Therefore, the synthesis of hybrid nanostructured 
Sb/carbon particles is offered as a solution since carbon can buffer the volume 
expansion/compaction during the electrochemical cyclic process. For example, rod-like 
Sb/carbon kept its specific capacity of 500 mAh/g even after 100 cycles.[238] Although there 
has been significant improvement in the Sb anode's performance, it is still far from practical 
applications. 
In short, employing formation reaction by mean of alloying reaction shares one issue in 
common: the large volume change. The nature of this mechanism is that after lithiation, new 
phases form, resulting in large strain and stress in the materials. Although alloying materials 
can deliver very high capacity, cyclic stability is very crucial. Hence, well-engineered materials 
are very important. Nanoparticles can lower the volume expansion during lithiation, but one 
should keep in mind that nanoparticles have high surface energy and high surface area. A large 
surface area means a large SEI layer, consuming more electrolytes and high-capacity loss for 
the first cycle. The well-designed morphology of materials could significantly prolong cycle life 
as the volume expansion is limit in one direction (e.g., nanowire). Surface engineering of 
alloying materials seems to be an elegant and effective method for enhancing cycle life. The 
formation type anodes could replace commercial anode like graphite, but the most important 
factor is the cost. Surface engineering or nanowire synthesis requires a multistep of processing 
and thus manufacturing process is difficult by this time. 
 
2.6.3. Displacement type anodes 
A wide range of transition metal oxides, sulfides, selenides, fluorides, nitrides, phosphides, 
and recently hydrides have been investigated as a high capacity anode to meet the demand 




type anodes is described as MaXb (M: transition metal, X: O, S, Se, F, N, P, and H, etc.), the 
reaction mechanism of lithiation/delithiation process can be written in the following 
Equation 20: 
MaXb + (b · n)Li
+ +  (b · n)e− ↔ aM + bLinX (20) 
The first lithiation of MaXb particles leads to structural change and amorphization, which 
results in a nanoscale transition metal cluster surrounded by an electrochemically inactive LinX 
phase. The determination of cyclic stability performance of the displacement anode materials 
is based on the decomposition reversibility of LinX matrix under the SEI layer by the highly 
electroactive transition metal particles (Figure 13A). Like formation type anodes, 
displacement type anodes are also known as severe volume change materials during 
lithiation/delithiation cycles.[241] Furthermore, displacement type anodes generally display 
tunable reaction potentials, depending on the durableness of the ionic bond between cationic 
(transition metal) and anionic (e.g., O2-, F-) species. In other words, the weaker the ionic 
bonding, the larger potential for the full cell applications are. For example, CoS0.89, CoO, CoF2, 
where the Co possesses the oxidation state of 2+, the displacement reaction occurs at 1.73 V, 
1.79 V, and 2.74 V vs. Li+/Li with the Gibbs free energy of -266, -347, and -499 kg/mol, 
respectively.[242] In addition to that, there is a direct correlation between the oxidation state 
of transition metal and capacity. For instance, CoF2 with Co2+ has a theoretical capacity of 
600 mAh/g, while CoF3 with Co3+ possesses the theoretical capacity of 694 mAh/g; however, 
CoF3 with a high working potential 3.54 V vs. Li/Li+ can be a cathode candidate instead of an 
anode.[242-244] Despite the high theoretical capacity, one of the drawbacks of the 
displacement anodes is the voltage hysteresis between charge and discharge profiles 
(Figure 13B) that one can explain by compressive stress in the surface layer of active materials, 
resulting in the prevention of lithium intercalation, and thus an extra electrical overpotential 
requirement.[179, 245] The voltage hysteresis and anionic species of the displacement anode 
are correlated. The voltage hysteresis from lower to higher for displacement type materials 
can be given in order like fluorides, oxides, sulfides, nitrides, and phosphides.[239] 
Pulverization problems during the electrochemical process and poor conductivity are 
responsible for poor rate capability and rapid capacity fading of displacement type anode 
materials.[246] Moreover, the formation of partially reversible electrolyte decomposition has 
been proven to be an additional challenge, which has an impact on cyclic stability.[247] 





Figure 13. A) Schematic illustration of displacement type anodes (inspired by [239]). B) 
Voltage profile for showing the voltage hysteresis in displacement type anodes (inspired by 
[248]). 
 
Transition metal oxides 
Iron oxides, with their natural forms of hematite (α-Fe2O3) and magnetite (Fe3O4), have been 
drawing attention due to their high theoretical capacities of 1007 and 924 mAh/g, 
respectively.[179] During the lithiation process at around 0.8 V vs. Li/Li+, the structural 
reorganization leads to the volume change of ca. 100% for hematite.[249] The voltage 
hysteresis occurs for the delithiation process by shifting the voltage between 1.2 V and 2.0 V 
vs. Li/Li+.[250] Both hematite and magnetite exhibit volume expansion and low coulombic 
efficiency; therefore, downsizing of the particles with the different morphological approaches 
and hybrid particles with carbonaceous materials have been tried to enhance the 
lifespan.[251-254] For example, neat Fe2O3 particles display fast capacity decay right after the 
first 40 cycles and reach the specific capacity of 300 mAh/g, Fe2O3/carbon hybrid particles 
show a stable cyclic performance with the specific capacity of about 750 mAh/g.[255] FeO, 
with its cubic rock salt structure, has been investigated; however, it draws less interest than 
the other iron oxides due to its lower theoretical capacity of 744 mAh/g than that of the other 
iron oxides.[256] 
The manganese oxide family has several suitable forms like MnO, Mn2O3, MnO2, and Mn3O4, 
with the theoretical capacities of 756, 1019, 1223, and 937 mAh/g, respectively, for lithium-
ion battery applications.[257] As the iron oxide family, downsizing of the particles and 
hybridization with conductive carbon particles are used for the manganese family. For 




1000 mAh/g at the specific current of 0.5 A/g, while hybrid Mn3O4 nanoparticles on reduced 
graphene oxide sheets show a specific capacity of ca. 800 mAh/g at 0.4 A/g.[258, 259] 
CoO and Co3O4 phases possess the theoretical capacities of 715 and 890 mAh/g, respectively. 
The lithiation/delithiation of CoO takes place at 0.7 V and 2.1 V vs. Li/Li+, respectively, while 
the voltage plateaus of the Co3O4 phase appears between 0.8 V and 2.2 V vs. Li/Li+.[179] The 
electrochemical results of CoO and Co3O4 with carbonaceous materials show improved 
performances.[260, 261] 
Molybdenum trioxide (MoO3) and molybdenum dioxide (MoO2) can be given as examples of 
molybdenum oxide displacement anodes for LIBs with the theoretical capacities of 1117 and 
838 mAh/g, respectively. After the MnO2 phase, the MoO3 takes the second-highest capacity 
in the displacement reaction-based transition metal oxides.[179] For instance, MoO3/C hybrid 
micro-balls kept its specific capacity at 800 mAh/g at the specific current of 2 A/g even after 
300 cycles. [22] 
There are many more transition metal oxide candidates for LIBs, such as CuO, Cu2O, WO3, 
Cr2O3, RuO2, NiO, SnO2, etc., with the theoretical capacities of 674, 375, 693, 1058, 806, 718, 
and 711 mAh/g, respectively.[179, 241, 262] Despite different capacities and voltage 
hysteresis, the common issues of transition metal oxides are poor coulombic efficiency, cyclic 
stability, and rate handling ability. Particle size reduction and hybridization techniques seem 





3. Hybrid materials for lithium-ion battery 
Hybrid materials (HMs) were developed a long time ago; however, their recognition starts at 
the end of the 20th and the beginning of the 21st century with having new physicochemical 
characterization techniques.[263] Hybrid materials are assembled from two moieties (organic 
and inorganic) on the molecular scale, provide new superior properties than their individual 
constituents.[263, 264] However, there can be great confusion between nanocomposites and 
the HMs due to the fact that both materials consist of two moieties; organic and inorganic. 
Although the definition borderline of these materials is unsharp, one can explain that 
nanocomposites contain discrete structural units within the particle size range of 1-100 nm. 
On the other hand, the HMs are the materials that are co-synthesized by both organic and 
inorganic moieties from molecular precursors.[263, 265] The co-synthesizing of the organic 
and inorganic components brings along the possibilities of a weak (e.g., van der Waals, 
electrostatic interactions) or strong (e.g., covalent bonding) interfacial interaction between 
building blocks of the HMs. While the former hybrid material is called class I hybrid, the latter 
is called class II hybrid. The properties of the obtained HMs are highly correlated with these 
interactions, which dependent on the co-synthesis conditions. The co-synthesis can be carried 
out either by a building blocks approach or in situ formation of the components. The building 
blocks approach can be used in the case of the requirement of keeping the original properties 
of one of the components, while in situ formation of the components approaches provides 
the possibility of totally different properties possessor HMs than its individual 
components.[263] 
Conventional electrodes for LIBs are based on the physical admixture of electrochemically 
active material, conductive carbon, and a polymeric binder. In the resulted composite 
electrode, the active material and carbon display particle-to-particle junction, which can lead 
to electrochemical performance loss. The particle-to-particle junction can cause an increase 
of interfacial impedance, which decreases the charge percolation by way of disrupting the 
electron hopping process in the electrode.[266-268] The capacity loss during electrochemical 
cycling and the poor electrochemical performance of the composite electrodes can be 
explained by the absence of the continuous electronic and/or ionic network.[269, 270] The 
limitation of the composite electrode approach on the electrochemical performance was the 





Figure 14. Overview of composite and hybrid electrode comparison. 
 
Hybrid materials are the inspiration of the hybrid electrode approach, which bases on the co-
production of electrochemically active and conductive carbon concurrently. The possible 
interfacial interactions between the electrochemically active inorganic material and carbon, 
and better homogeneity of the component distribution in the hybrid electrode compared to 
the composite electrode approach opens the door for better charge percolation. 
Consequently, hybrid electrodes show a better rate handling performance without sacrificing 
capacity.[265, 271] It is worth noting that the hybrid materials in the LIBs application are most 
likely class II materials. As reviewed by Wei-De Zhang et al., the preparation of hybrid material 
involves the combination of metal oxide and carbon (CNTs: carbon nanotubes). The CNTs or 
other carbon was found to facilitate the dispersion of the oxides. It, thus, provides a 
continuous conducting pathway.[272] However, the attachment of carbon and oxide 
materials have been under investigation. Depending on the different synthesis techniques 
applied, including impregnation, sol-gel, hydrothermal, and so on, the resulting hybrid 
materials exhibit rather different interactions between redox-active materials and carbon. If 
the carbon precursor has oxygen functional groups like oxidized-CNT and graphene oxide, 
such functional groups provide the chemically active sites for the growth of metal oxide.[271] 




characterization techniques, such as XANES (X-ray absorption near-edge spectroscopy). The 
XANES is a good candidate due to its sensitivity to the chemical bonding, electronic structure, 
and interactions in the materials, which can serve for realizing the interaction of such carbon 
and metal oxide hybrid material. For example, Liang et al. conducted XANES of Co3O4-carbon 
hybrid material and observed from C, O, and N K-edge spectra that Co-O-C and Co-N-C are 
formed. Hence, it is the class II hybrid material because there is the phase that links between 
Co3O4 and reduced graphene oxide via covalent bonding.[273] Other studies were performed 
on CoO/NCNT (N-doped carbon nanotube) and MnCo2O4/N-rmGO (N-doped reduced 
graphene oxide), which showed the formation of covalent interfacial metal-O-C and metal-N-
C bonds.[274, 275] In addition to that, the interfacial interactions can provide some level of 
control over the morphology and size of the electrochemically active inorganic particles in the 
HMs, which has an impact on the electrochemical performance.[271] Downsizing the particles 
has an effect on the physical properties of the materials, the so-called quantum size effect. 
For example, every atom becomes a surface atom when the particle size is smaller than 10 nm, 
which means that every atom has the potential to interact with its surrounding 
environment.[263] The smaller particle size decreases the charge transfer resistance, and 
hence the smaller particle provides better rate handling ability and better cyclic stability with 
even higher specific capacity compared to its larger counterparts.[276] For example, Wang et 
al. revealed that LiMn1-xFexPO4/reduced mildly oxidized graphene oxide (rmGO) hybrid 
material for LIBs displays nanorod morphology while non-hybrid LiMn1-xFexPO4 presents 
irregularly shaped morphology with larger particle size compared to hybrid particles. 
Furthermore, the non-hybrid LiMn1-xFexPO4 exhibits a specific capacity of about 45 mAh/g at 
the low C-rate of C/2 (ca. 0.02 A/g), the hybrid LiMn1-xFexPO4/rmGO can supply a specific 
capacity of 150 mAh/g even at the high C-rate of 2C (ca. 0.3 A/g).[277] Also, Li et al. revealed 
that non-hybrid bare-Mn3O4 particles with the spherical morphology in size range of 40-
100 nm show poor cyclic stability, like losing their capacity by half in the first 50 cycles. On the 
other hand, hybrid Mn3O4/graphene sheets with a smaller particle size of ca. 20 nm exhibit 
stable cycle stability and better rate handling ability than that of its non-hybrid 
counterpart.[278] Another advantage of the hybrid electrode approach is that the synergetic 
effect of carbon can serve as a protective barrier towards the volume change during the 
electrochemical process.[279] For instance, composite pure silicon anode display poor cyclic 




carbon/graphene electrode shows improved cyclic stability and rate handling performance 
due to that its carbon scaffold can accommodate the huge volume expansion of Si particles 
during lithiation/delithiation process.[280] Hence, apart from seeking alternative 
anode/cathode materials, hybridization of the existing materials with carbon is seen as a 





4. Overview of the conducted investigations 
The current state-of-art for electrode designs for LIBs has been moving its direction to the 
hybrid electrode architecture due to its synergetic effects on carbon and electrochemically 
active material resulting in advanced electrochemical performance. However, the most 
common synthesizing methods for HMs require several complex steps. Although achieving 
hybrid materials are relatively new in the field of lithium-ion batteries, it has been proven that 
their performances are impressive compared to composite ones. The remaining question is 
which synthesis route could lead us to superior performance and commercially applicable. 
Additionally, understanding the underlining mechanism on why hybrid material has shown 
greater performance is essential. Does it depend on the synthesis method? How does the 
carbon in hybrid materials improve the ability of the Faradaic phase? Throughout this study, 
three types of metal oxide were selected as the anode materials (Figure 15), namely, V2O3, 
Nb2O5, and Ti2Nb10O29. Instead of multi-steps wet chemical synthesis, the noble and simple 
solid-state reaction by the use of relatively cost-effective metal carbides precursors was 
selected to obtain metal oxide/carbon hybrid materials. This reaction is called the 
chloroxidation process and CO2 oxidation process. The resulting materials in chapter 5.1, 5.2, 
and 5.3 are shown and proved the underlining hypothesis that hybrid materials can deliver 
much better performance in terms of fast charging/discharging and, most importantly, cyclic 
stability. 
Vanadium oxides have been taken attention in the field of lithium-ion batteries due to their 
different oxidation states, such as V2O5, VO2, etc. Although the V2O3 phase has great potential 
as an anode material for LIBs, only very few studies have been explored and showed that it 
suffers from the volume change during the lithiation/delithiation process. The studies 
revealed that carbon in the hybrid materials could suppress the volume change during the 
electrochemical process, resulting in advanced performance. Therefore, as a first material, 
V2O3 has been chosen to explore the new synthesis approach for hybrid materials in this 
dissertation (chapter 5.1).  
Another promising anode candidate for LIBs is Nb2O5 due to its obtainable different crystal 
structures and its safe operating potential, above 1 V vs. Li/Li+. The fast charging ability of 
orthorhombic Nb2O5, whereas monoclinic Nb2O5 exhibits the highest specific capacity among 
all structures. Thus, the orthorhombic and monoclinic phases are more attractive among all 




Following up work from chapter 5.1 and 5.2, one can further improve the charge capacity 
toward binary metal oxide. The multiple redox couples of Ti2Nb10O29 (TNO) provide a high 
theoretical capacity of about 400 mAh/g, which gives great potential to TNO for LIB 
applications. However, the poor conductivity of TNO leads to poor rate handling performance. 
The hybrid material approach has been proved to be useful to overcome the limitations of the 
composite approach. Therefore, TNO was selected to explore in chapter 5.3. 
 
 





5. Results and discussion 
5.1. Vanadium (III) oxide/carbon core/shell hybrids as an anode for lithium-ion 
batteries 
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The first study provides a facile new synthesis method (so-called chloroxidation), which 
involves the one-step conversion of vanadium carbide into a hybrid V2O3/nanoporous carbon 
using solid-state reactions. The chloroxidation process was performed under an Ar 
atmosphere with the vanadium carbide and NiCl2∙6H2O as precursors by using different 
stoichiometric amounts between the precursors to obtain optimized conditions for the 
resulting hybrid material. The acquired hybrid materials were washed with HCl to remove 
residual elemental nickel. The optimized hybrid material showed improved rate handling 
capability than that of its composite counterpart. Furthermore, the composite electrode was 
losing its initial capacity even in the first ten cycles; the capacity of optimized hybrid material 


























































Vanadium (III) Oxide/Carbon Core/Shell Hybrids as an
Anode for Lithium-Ion Batteries
Öznil Budak,[a, b] Pattarachai Srimuk,[a, b] Aura Tolosa,[a, b] Simon Fleischmann,[a, b] Juhan Lee,[a, b]
Stefan W. Hieke,[c] Anna Frank,[c] Christina Scheu,[c, d] and Volker Presser*[a, b]
We present a facile two-step synthesis of vanadium (III) oxide/
carbon core/shell hybrid material for application as lithium-ion
battery electrode. The first step is a thermal treatment of a
mixture of vanadium carbide (VC) and NiCl2 · 6H2O at 700 8C in
an inert gas atmosphere. Elemental nickel obtained from
decomposing NiCl2 · 6H2O served as a catalyst to trigger the local
formation of graphitic carbon. In a second step, residual nickel
was removed by washing the material in aqueous HCl. By
replacing NiCl2 · 6H2O with anhydrous NiCl2, we obtained a
hybrid material of vanadium carbide-derived carbon and a
vanadium carbide core. Material characterization revealed a
needle-like morphology of the rhombohedral V2O3 along with
two carbon species with a different degree of graphitic order-
ing. We varied the NiCl2 · 6H2O-to-VC ratio, and the optimized
material yielded a capacity of 110 mAh ·g1 at 2.5 A ·g1 which
increased to 225 mAh ·g1 at 0.1 A ·g1 after 500 cycles in the
potential range of 0.01-3.00 V vs. Li/Li+. This enhanced perform-
ance is in stark contrast to the loss of lithium uptake capacity
when using commercially available V2O3 mixed with carbon
black, where 93% of the initial capacity was lost after 50 cycles.
1. Introduction
Lithium-ion batteries (LIBs) are attractive for electrochemical
energy storage due to their high energy density and
efficiency.[1,2] The continuous research and development on LIBs
not only consider the storage capacity and the ability to handle
high charge/discharge rates, but also safety, cost, and cycle
life.[3–5] As a critical component of LIBs, the structural and
electrochemical properties of the electrode materials strongly
influence the overall device performance.[2,6, 7] Graphite, silicon,
titanium dioxide, and lithium titanate have been thoroughly
investigated for LIBs anodes.[8–11] With a specific capacity of
372 mAh ·g1, graphite anodes have been employed in com-
mercial LIB devices.[1] However, graphite anodes suffer from
safety hazards because metallic lithium can be easily electro-
plated during charging, particularly at a high current rate and
low temperatures.[7,12] Silicon anodes have a much higher
theoretical capacity of about 4200 mAh ·g1 but provide at
present only poor capacity retention due to substantial
volumetric changes during cycling.[13] Anodes composed of TiO2
(rutile or anatase) and Li4Ti5O12 exhibit higher rate capability
and structure stability but their use remains restricted by their
lower theoretical capacity of 168–175 mAh ·g1.[9,14,15]
Capitalizing on different vanadium oxidation states, V2O5,
VO2, and V2O3, have been explored as LIB cathodes and
anodes.[16–19] Among these, V2O5 is an attractive LIB cathode
material due to the high theoretical capacity of 294 mAh ·g1 in
the range of 4.0–2.0 V vs. Li/Li+.[20,21] A slightly higher capacity
of 323 mAh ·g1 has been reported for VO2 in the range of 1.8-
3.8 V vs. Li/Li+.[22] V2O3 is a promising anode candidate for LIBs
but there have been only very few studies exploring V2O3 as an
anode material for LIBs so far.[23–26] The current state of the art
assumes that V2O3 undergoes structural volume change during
galvanostatic charge/discharge cycling; this effect and the low
electronic conductivity explain the poor cycling stability.[25] For
example, there is a 50–60% capacity loss of bulk V2O3 after 50–
100 charge/discharge cycles.[23,25] Additionally, it remains unclear
from the literature if it is intercalation or conversion by which
mechanism V2O3 operates as an anode in LIBs. For example, Shi
et al. (Ref.[24]) assumed that V2O3 is a typical conversion type
anode material for LIBs with a theoretical capacity of
1070 mAh ·g1. Another mechanism is intercalation reported by
Sun et al. (Ref.[25]) and McNulty et al. (Ref.[27]) as the theoretical
capacity of 356 mAh ·g1 and 179 mAh ·g1 for Li1V2O3, respec-
tively.
To overcome the limited performance of bulk V2O3 mixed
with a conductive additive, recent studies have explored hybrid
electrodes.[18] In composite electrodes, mechanically admixed
carbon serves as an electrically conducting agent between the
metal oxide and the current collector. Alternatively, the hybrid
electrode architecture employs a nanoscopic chemical blending
of the metal oxide phase with carbon, and the resulting
materials provide improved electrochemical performance.[18,28, 29]
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Studies on V2O3/carbon hybrids have reported a range of
capacity values, and while some works used the material as a
cathode, others used it as a LIB anode. For example, Odani et al.
investigated carbon-coated V2O3 as a LIB cathode with a low
capacity of 25 mAh ·g1 in the voltage range of 2.0-4.0 V vs. Li/
Li+.[30] As found by Sun et al.,[25] ordered lamellar V2O3 provides
a capacity of about 120 mAh ·g1 with the cutoff voltage of
0.3 V and 1.5 V vs. Li/Li+, and Jiang et al. (Ref.[23]) reported
carbon-coated yolk-shell V2O3 microspheres as an anode
material with the capacity of 437 mAh ·g1 at the specific
current of 0.1 mA·g1 in the voltage window of 0.1-3.0 V vs. Li/
Li+. The porous V2O3/C composite material was reported with a
discharge capacity of 283 mAh ·g1 in the voltage range of 0–
3 V vs. Li/Li+ by Shi et al. (Ref.[24]). The reversible capacity of
536 mAh ·g1 from composite V2O3-ordered mesoporous carbon
at a current density of 1 A ·g1 in the voltage range of 0.02-3 V
was achieved by Zeng et al. (Ref.[31]).
Considering the promising performance of hybrid materials,
we have previously developed the top-down synthesis of V2O5/
carbide-derived carbon core/shell particles.[20] In our earlier
work, we used a three-step synthesis: first, a mixture of
vanadium carbide and NiCl2 · 6H2O was heated in a vacuum, and
the evolving chlorine gas extracted vanadium from the outer
regions of the carbide grains; this leads to the formation of a
carbide-derived carbon shell. The latter is sufficiently nano-
porous so that ion transport across the carbon shell is
accomplished. Second, residual nickel from the thermal decom-
position of NiCl2 · 6H2O was removed by washing in aqueous
HCl. Third, the residual carbide core was transformed to V2O5 by
thermal oxidation at 450–600 8C while the carbide-derived
carbon shell was maintained. In our present work, we
significantly simplify the synthesis by using only one thermal
treatment step that, concurrently, yields a carbide-derived
carbon shell and a vanadium oxide core. The produced material
is freed from residual nickel by simple washing with aqueous




V2O3/VC-CDC and VC/VC-CDC core/shell materials were synthesized
by using a solid mixture of VC powder (purity 99.9%, <2 mm,
Sigma Aldrich) and two different precursors, NiCl2 · 6H2O (purity
99.5%, Alfa Aesar) and NiCl2 (purity 99.99%, Sigma Aldrich),
respectively.
The stoichiometric amounts of 2.0 mol, 2.5 mol, and 3.0 mol of
NiCl2 · 6H2O per 1 mol of VC were mixed and ground in a mortar.
The mixtures were transferred into quartz glass crucible and placed
in a quartz tube furnace (HTRH, Gero) which was continuously
flushed with Ar gas with a flow rate of 50 cm3 ·min1. The furnace
was heated from room temperature to 700 8C with a heating rate
of 2.5 8C ·min1 and held at the annealing temperature for 3 h.
Afterward, the samples were cooled to room temperature. The
outlet of the tube was fed through a reservoir filled with aqueous
5 M NaOH to neutralize the gaseous reaction products (esp. CO2
and HCl, see Supporting Information, Figure S1). The resulting
material was washed with 200 mL of aqueous 3 M HCl to remove
the residual elemental nickel. The solution was stirred overnight
and washed with an excess amount of distilled water until the pH
of the discarded water was neutral. The filtered product was dried
at 80 8C overnight. The final products of the V2O3/VC-CDC syntheses
are labeled V2O3/VC-CDC-1 :2, V2O3/VC-CDC-1 :2.5, and V2O3/VC-
CDC-1 :3.
For the synthesis of the VC/VC-CDC core/shell material, we
modified the procedure used for the synthesis of V2O3/VC-CDC
core/shell material by using a stoichiometric ratio of NiCl2 and VC
of 2 :1 and a synthesis temperature of 1000 8C.
Structural Characterization
X-ray powder diffraction (XRD) patterns were recorded using a D8
Discover diffractometer (Bruker AXS) with CuKa radiation (l=
1.5406 Å) and a Goebel mirror in point focus (0.5 mm). The system
was calibrated with LaB6 (purity 99%, Sigma Aldrich), and the
samples were placed on a single sapphire crystal. A VANTEC-500
(Bruker AXS) 2D detector was positioned at 208, 408, 608, 808, and
1008 2q with a measurement time of 7 min per step. Rietveld
refinement analyses were performed by using the software TOPAS
from Bruker.
Raman spectra were recorded with a Renishaw inVia Raman
Microscope equipped with an Nd-YAG laser with an excitation
wavelength of 532 nm and a power of 0.05 mW at the surface of
the sample, using an objective lens with a numeric aperture of
0.75. The spectra of the samples were recorded with 20 accumu-
lations and 30 s acquisition time. All spectra were normalized to
100%, and fitting was achieved assuming Voigt peak profiles for
the D-mode, G-mode, and amorphous carbon.
Gas sorption analysis (GSA) was conducted to obtain a specific
surface area (SSA), and pore volume of the samples. We carried out
the measurements with an Autosorb-6B system (Quantachrome)
using nitrogen gas at 196 8C in a relative pressure range from
0.008 to 1.0 in 76 steps. Prior to the measurements, the powder
samples were degassed at 250 8C and 102 Pa for 12 h. The SSA was
calculated using the Brunauer-Emmett-Teller (BET) equation[32] in
the linear pressure range (ca. 0.01–0.1) with the ASiQwin-software.
The values for the total pore volume were obtained at a relative
pressure of P/P0=0.95. Since the materials were hybrids of either
VC-CDC and VC or VC-CDC and V2O3, the direct use of density
functional theory kernels designed for pure carbon samples
prohibited the further porosity analysis regarding the pore size
distribution.[33] Instead, we limited the porosity analysis to the
quantification of the BET surface area and the total pore volume.
The sample morphology was characterized by scanning electron
microscopy (SEM) using a JEOL JSM 7500F at an acceleration
voltage of 3 kV. The samples were fixed on a steel sample holder by
using sticky carbon tape. The chemical compositions of the
samples were quantified by energy dispersive X-ray (EDX) spectro-
scopy with an X-Max-150 detector (Oxford Instruments) attached to
the SEM chamber. The spectra of fifty spots were measured with an
acceleration voltage of 14 kV and averaged.
Transmission electron microscopy (TEM) investigations were carried
out by using a JEOL JEM-2100F instrument operated at 200 kV.
Scanning TEM (STEM) was performed on a probe-corrected FEI
Titan Themis 60-300 X-FEG S/TEM instrument operated at 300 kV
equipped with an FEI Super-X windowless EDX system with 4
synchronized silicon drift detectors from Bruker. The samples were
dispersed in isopropanol or ethanol through sonication for 2 min
and drop-casted onto a copper grid with a lacey carbon film.
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Thermogravimetric analysis coupled with mass spectrometry (TGA-
MS) was carried out up to 1000 8C with a heating rate of
2.5 8C ·min1 in argon with a STA449F3 Jupiter and QMS 403 C
Aëolos from Netzsch for a mixture of 1 mol VC per 2 mol of
NiCl2 · 6H2O.
Electrochemical Characterization
To prepare electrodes, 90 mass% of the active material was
blended in a mortar with 10 mass% polyvinylidene fluoride (PVdF,
Alfa Aesar) as a binder. N-methyl-2-pyrrolidone (NMP, Sigma
Aldrich) was added to the solid mixture until the slurry reached a
sufficient viscosity; the slurry was then coated on a Cu foil at a wet
thickness of 150 mm. The coated slurry was dried in a vacuum oven
at 110 8C overnight. The packing density of the electrode was
adjusted by dry-pressing in the rolling machine (HR01 hot rolling
machine, MTI) and cut to circular shape with a diameter of 12 mm.
The average mass loading was 2.6 mg ·cm2 with a dry thickness of
96 mm.
For comparison, we also made electrodes using commercially
available V2O3 (Sigma Aldrich) which consisted of 80 mass% V2O3,
10 mass% carbon black (C65 from Imerys Graphite & Carbon), and
10 mass% PVdF following the same preparation procedure as for
the other materials. These electrodes are labeled “com-V2O3” to
reflect the commercial source of V2O3 and the composite nature of
these electrodes (i. e., a physical mixture of the metal oxide and the
conductive additive).
For electrochemical measurements, 2032-type coin cells were
assembled in an argon-filled glove box (O2, H2O<1 ppm). We used
lithium foil (diameter of 12 mm) as a reference and counter
electrode, 1 M lithium hexafluorophosphate (LiPF6) in an ethylene
carbonate (EC) and dimethyl carbonate (DMC) mixture in the ratio
EC:DMC (1 :1 by volume) as electrolyte (LP 30, BASF), and two layers
of Celgard 2325 as separator with a diameter of 18 mm.
Cyclic voltammetry (CV) was carried out using a VMP300 system
from Bio-Logic multichannel potentiostat in the potential range of
0.01-3.00 V vs. Li/Li+ at a scan rate of 0.05 mV · s1. An Arbin system
was used for galvanostatic charge/discharge cycling with potential
limitation (GCPL) in the range of 0.01–3.00 V vs. Li/Li+ at room
temperature. The calculated specific capacity of the samples is
based on the active mass of the electrode material including
carbon mass of the hybrid materials. For the com-V2O3 electrode,
the specific capacity was normalized by just the metal oxide mass.
The capacity retention test was performed during galvanostatic
charge/discharge cycling at 0.1 A ·g1 from 0.01 V to 3.00 V vs. Li/
Li+ in half-cell configuration.
To better understand the structural changes of the material during
electrochemical benchmarking, post mortem XRD and Raman
spectroscopy analyses were carried out for the electrodes by
disassembling the cells after cycling stability testing. To understand
the intermediate structural changes, the cells were charged/
discharged at the specific current at 0.1 A ·g1 for 40 cycles.
Thereafter, the cycled cells were held at 1.5 V, 0.75 V, and 0.01 V vs.
Li/Li+ for the lithiation and at 0.75 V, 1.5 V, and 3.0 V for the
delithiation. Those six cells were disassembled and gently cleaned
by using propylene carbonate (PC). The washed electrodes were
subjected to XRD measurements.
2. Results and Discussion
2.1. Material Synthesis Concept
Thermal annealing of nickel chloride leads to its decomposition
and the evolution of chlorine gas.[20] In the presence of a metal
carbide like vanadium carbide, the evolving chlorine selectively
reacts with the metal ions, producing gaseous vanadium
chloride. This process leaves behind nanoporous carbide-
derived carbon (CDC) as the solid reaction product.[20,34, 35] For
example, the mixture of vanadium carbide and NiCl2 · 6H2O
leads to the formation of VC-CDC when the annealing is carried
out in a vacuum furnace.[20] As seen from Equation (1–3), this
reaction considers the decomposition of NiCl2 which is obtained
via the dehydration of NiCl2 · 6H2O during the thermal treatment
(700 8C). Nickel is a by-product of the process and can be
removed from the material by aqueous HCl washing because
the resulting NiCl2 phase is water soluble. Adjusting the molar
ratio of chlorine to carbide, a VC core can be maintained while
a shell of nanoporous CDC is being produced. In a subsequent
step, the vanadium carbide core is then transformed to
vanadium oxide, while maintaining largely the CDC shell. The
combination of a metal oxide core for lithium-ion intercalation
and an electrically conductive outer carbon shell make this
core/shell hybrid material attractive for electrochemical energy
storage.[18]
NiCl2  6H2O ! NiCl2 þ 6H2O ð1Þ
2VC þ 4NiCl2 ! 2VC þ 4Ni þ 4Cl2 ! 2C þ 2VCl4 þ 4Ni ð2Þ
Ni þ 2HCl ! NiCl2 þ H2 ð3Þ
The need for two separate thermal treatment steps, one for
the CDC-process and a subsequent one for the carbide
oxidation, complicates the fabrication of this core/shell hybrid
material. This applies in particular because the two thermal
treatment steps are separated by washing the carbide/carbon
core/shell material in aqueous HCl.
The present work uses the same precursor as our previous
work (i. e., VC and NiCl2 · 6H2O) but carries out the annealing
process in an inert gas atmosphere (argon) instead of a low
vacuum. By this way, we avoid the rapid removal of desorbing
water and enable a reaction per Equation (4).
4VC þ 8 NiCl2  6H2Oð Þ ! 3C þ 2V2O3 þ 40H2Oþ 16HCl þ CO2 þ 8Ni
ð4Þ
In addition, we also carried out experiments with anhydrous
nickel chloride (NiCl2), which should only result in CDC
formation via Equation (2).
To understand the mechanism of V2O3 formation, we carried
out a thermogravimetric analysis with a coupled mass
spectrometer (Figure S1). The mass loss below 100 8C aligns
with the desorption of surface water, as indicated by the
increase of the H2O signal. As the temperature was increased to
200 8C, a significant amount of water was produced by the
76Batteries& Supercaps 2019, 2, 74–82 www.batteries-supercaps.org  2019 Wiley-VCH Verlag GmbH & Co. KGaA, Weinheim
Articles
Wiley VCH Donnerstag, 27.12.2018


























































release of crystal water from NiCl2. Additionally, gaseous HCl
was detected at 100–200 8C suggesting the loss of chloride,
which possibly reacts with the as-produced water to form
hydroxyl radicals. The absence of OH in our measurements
indicates that resulting hydroxyl radicals react on the surface of
vanadium carbide yielding O2 gas as the final product.
Apparently, the loss of chloride and crystal water continued as
the temperature was further increased. Oxygen leads to the
formation of vanadium (III) oxide at around 700 8C, which aligns
with a decrease of the O2 signal at this temperature.
2.2. Material Characterization
We first analyzed the VC/VC-CDC sample synthesized from the
mixture of anhydrous NiCl2 and vanadium carbide by XRD. The
synthesis mechanism of VC/VC-CDC follows Equation (2), and
we obtained residual cubic vanadium carbide (PDF 01-089-
2608, Figure 1A and Table S1) with a unit cell of a=8.34 Å with
characteristic Bragg reflections at 37.48, 63.08, and 43.48 2q. In
addition, the Bragg reflection at 26.28 indicates carbon
(hexagonal graphite: PDF 01–089-7213) and the presence of
vanadium carbide-derived carbon (VC-CDC) was also confirmed
by Raman spectroscopy (Figure 1B and Table 1).[34] The Raman
spectra present two distinct peaks between 1200–2000 cm1,
namely the D-mode and G-mode characteristic of incompletely
graphitic carbon.[36] The G-mode corresponds to the stretching
vibration of pairs of sp2 atoms in rings and chains, and the D-
mode corresponds to the breathing mode of sp2-hybridized
carbon rings, which is active in the presence of defects.[37] Peak
fitting of the Raman spectra (Table 1 and Figure S2A) yielded
the D-mode position at 1349 cm1 and the G-mode position at
1587 cm1. In addition to that, carbon of the VC/VC-CDC sample
presents a low ID/IG ratio of 0.9 and a full-width at half-
Figure 1. A) X-ray diffraction (XRD) pattern of the samples and the matched reflection position phases from the literature. B) Raman overview spectra of the
samples. Fitted Raman spectra of V2O3/VC-CDC-1 :2 (C) and V2O3/VC-CDC-1 :3 (D).







com-V2O3 D-mode 1354 109 2.02
G-mode 1606 77
VC/VC-CDC D-mode 1349 61 0.9
G-mode 1587 50
V2O3/VC-CDC-1 :2 D-mode 1351 63 1.1
G-mode 1593 66
V2O3/VC-CDC-1 :2.5 D-mode 1349 73 1.1
G-mode 1591 61
V2O3/VC-CDC-1 :3 D-mode 1348 109 2.1
G-mode 1603 68
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maximum (FWHM) for the D- and G-mode with 61 cm1 and
50 cm1, respectively.
In contrast to the use of anhydrous NiCl2, there is a different
reaction outcome when mixing vanadium carbide with
NiCl2 · 6H2O. We used stoichiometric ratios of 1 : 2, 1 : 2.5, and 1 :3
of VC to NiCl2 · 6H2O to investigate the influence of the amount
of Ni on the degree of the graphitization of the carbon phase.
As seen from the X-ray diffraction pattern (Figure 1A), we
obtained vanadium oxide instead of VC-CDC. The sharp X-ray
reflections at 24.38, 33.18, 41.28, 43.38, and 54.18 2q relate to
karelianite-type rhombohedral V2O3 (PDF 01-074-0325). The
higher energy barrier of the oxidation of nickel, compared to
vanadium, prevented the formation of nickel oxide[38] and no
reflections related to NiO (PDF 01-089-7390) were identified by
XRD (Figure 1A and Table S1). The only exception was V2O3/VC-
CDC-1 :3 where 21 mass% of NiO was found in the sample (as
determined by Rietveld analysis).
Beside vanadium oxide, we also obtained carbon (VC-CDC)
when using NiCl2 · 6H2O. The Raman spectra of all V2O3/VC-CDC
samples (Figure 1B) show the characteristic broad peaks of
incompletely graphitic carbon at around 1350 cm1 (D-mode)
and 1597 cm1 (G-mode). Table 1 lists the positions of D- and G-
mode, the full-width at half-maximum (FWHM), and the integral
ID/IG intensity ratio of these peaks. Figure 1CD presents the
peak fitting of the Raman spectrum of V2O3/VC-CDC-1 :2 and
V2O3/VC-CDC-1 :3. The V2O3/VC-CDC-1 :3 sample has the highest
ID/IG ratio of 2.1 and the widest FWHM for the D- and G-mode
with 109 cm1 and 68 cm1, respectively. In the case of V2O3/VC-
CDC samples, the higher degree of carbon disorder than that of
VC/VC-CDC aligns with the partial oxidation of carbon by
oxygen during the in-situ synthesis (Figure S1B). Yet, the spatial
resolution of Raman measurements of about 1 mm only
provides us with an average quantitative assessment of all
carbon present within the sampling volume. Therefore, we
used transmission electron microscopy to better characterize
carbon on a nanoscale.
When anhydrous nickel chloride thermally decomposed, we
see that vanadium carbide particles (Figure 2A) were trans-
formed to carbide cores engulfed by two carbon species: one
with a lower degree of ordering (as typical for CDC obtained at
1000 8C)[39] and layered ribbons of graphitic carbon (Figure 2B–
C). The overall structural ordering of VC-CDC is low, but
graphitic layers and ribbons are seen throughout the VC/VC-
CDC sample. The latter possibly impeded the diffusion of in-situ
produced chlorine gas and kinetically slowed the carbide-to-
carbon transformation.[40] In our case, this is beneficial since we
wanted to maintain a carbide core for the carbide-to-oxide
formation. We explain the formation of two carbon phases with
a very different degree of ordering by the catalytic properties of
elemental nickel which is produced as a by-product of
decomposing nickel chloride.[41,42] Transmission electron micro-
graphs confirm the presence of both carbon phases for all
V2O3/VC-CDC samples (Figure 2D–I). For these oxide/carbon
hybrid materials, we find needle-like V2O3 surrounded by
carbon, as evidenced by elemental mapping performed in
STEM mode (Figure S4). Among the V2O3/VC-CDC samples, a
higher stoichiometric ratio of VC to NiCl2 · 6H2O yielded fewer
needle-like V2O3 (Figure 2D–I).
Figure 2. Bright field transmission electron micrographs of the initial vanadium carbide(A), of VC/VC-CDC (BC), of V2O3/VC-CDC-1 :2 (DE), of V2O3/VC-CDC-
1 :2.5 (FG), and of V2O3/VC-CDC-1 :3 (HI).
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Elemental analysis of the samples on a more global scale
was performed by EDX measurements in the SEM (Table 3). The
highest carbon content (ca. 33 mass%) was found for VC/VC-
CDC, and the amount of carbon decreased for V2O3/VC-CDC
with the increasing amount of NiCl2 · 6H2O. The lowest value of
carbon was found for V2O3/VC-CDC-1 :3 with ca. 8 mass%. The
decreased carbon content aligns with an increased amount of
oxidizing species being mobilized during the decomposition of
NiCl2 · 6H2O.
We carried out nitrogen gas sorption to characterize the
porosity of the synthesized materials, and the data are
presented in Table 2. As seen from the sorption isotherm
(Figure S5), all samples showed a type II isotherm which is
indicative of macroporous materials with some mesopores.[43]
VC/VC-CDC had a total pore volume of 0.21 cm3 ·g1 with an
SSABET of 125 m
2 ·g1. Among the metal oxide/carbon hybrids,
the V2O3/VC-CDC-1 :2 sample had the largest SSABET of
71 m2 ·g1 and the smallest surface area was found for V2O3/VC-
CDC-1 :3 (16 m2 ·g1). This trend aligns with the amount of
carbon and shows that the porosity is mostly accomplished by
nanoporous carbon, whereas a small specific surface area is
associated with the metal oxide domains.
2.3. Electrochemical Analysis
For the electrochemical characterization, we used electrodes
made from the as-synthesized VC/VC-CDC and V2O3/VC-CDC
materials and added 10 mass% of PVdF binder but no
conductive additive. The latter was possible because the
presence of VC-CDC by itself was sufficient to provide a
conductive pathway for electron transport in the samples. For
comparison, we also cast electrodes of a mixture of 80 mass%
commercial V2O3, 10 mass% of carbon black, and 10 mass% of
PVdF; these electrodes are labeled com-V2O3. Using 1 M LiPF6 in
an EC/DMC as the electrolyte, we tested all materials in a half-
cell configuration with an oversized lithium counter electrode.
The initial cycle performance was analyzed by cyclic
voltammetry (CV) in the range of 0.01-3.00 V vs. Li/Li+ at a scan
rate of 0.05 mV ·s1 to characterize the reduction and oxidation
potentials of the samples (Figure 3). The largest amount of
charge was passed for V2O3/VC-CDC-1 :2, and the cyclic
voltammograms of all samples exhibit broad cathodic and
anodic peaks. Near 0.01 V vs. Li/Li+, the increased current of all
samples results from intercalation and deintercalation of
lithium-ions into graphitic carbon.[44] The other possible current
peaks relate to the multistep reduction of V3+ to lower valence
states.[23] The cathodic peak at 0.70 V may be associated with
the formation of Li2O, and the complex solid electrolyte
interface (SEI);[45] its disappearance after the first cycle aligns
with the formation of a stable SEI (Figure 3B). In addition, the
V2O3/VC-CDC-1 :3 sample shows a cathodic peak at 0.40 V
(Figure 3A), and it is possible that the presence of NiO leads to
a shift in the potential for SEI formation.
With contributions from the lithiation/delithiation of the
V2O3 domains and a small contribution from carbon lithiation/







V2O3/VC-CDC-1 :2 71 0.08
V2O3/VC-CDC-1 :2.5 24 0.03
V2O3/VC-CDC-1 :3 16 0.02









VC/VC-CDC 32.514.2 11.86.7 53.714.8 0.50.4
V2O3/VC-CDC-1 :2 15.86.2 30.77.3 52.110.2 0.91.0
V2O3/VC-CDC-1 :2.5 13.37.0 21.66.9 63.29.4 21.1
V2O3/VC-CDC-1 :3 7.64.3 22.38.1 60.616.2 9.45.0
Figure 3. Cyclic voltammograms of the samples from the 1st cycle (A) and the 5th cycle (B) in the range of 0.01-3.00 V vs. Li/Li+ at a scan rate of 0.05 mV · s1.
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delithiation (Table 3), we can express the Li intercalation/
deintercalation process by Equations (5) and (6):[25]
V2O3 þ xLi þ xe $ LixV2O3 ð5Þ
C þ xLi þ xe $ LixC ð6Þ
We further characterized the electrochemical performance
with galvanostatic charge/discharge cycling at a specific current
of 0.1 A ·g1 in the voltage range from 0.01 V to 3.00 V vs. Li/
Li+. The voltage profiles of the 10th cycle are found in Figure 4A.
The results agree with the electrochemical behavior seen with
cyclic voltammetry: the highest charge storage capacity is seen
for V2O3/VC-CDC-1 :2 (157 mAh ·g
1), followed by VC-CDC
(76 mAh ·g1), com-V2O3 (44 mAh ·g
1), V2O3/VC-CDC-1 :2.5
(39 mAh ·g1), and V2O3/VC-CDC-1 :3 (20 mAh ·g
1). In general,
we see the combination of (multistep) lithiation of V2O3. Below
0.1 V vs. Li/Li+, there is an additional charge contribution
related to lithiation of carbon.
The rate handling performance of all samples was charac-
terized by galvanostatic charge/discharge cycling at specific
currents in the range of 0.01–10 A ·g1 in the voltage window
of 0.01–3.00 vs. Li/Li+(Figure 4B). After the first cycle at the
specific current of 0.01 A ·g1, V2O3/VC-CDC-1 :2 demonstrates
the highest capacity of about 187 mAh ·g1, which is higher
than the capacity of the com-V2O3 composite electrode
(126 mAh ·g1), and V2O3/VC-CDC-1 :2.5 preserves the lowest
reversible capacity of 51 mAh ·g1. The initial capacity of V2O3/
VC-CDC-1 :3 sample drops from 234 mAh ·g1 to 66 mAh ·g1 at
the 5th cycle, which can be explained by the presence of
bunsenite-type cubic NiO (Figure 1A): NiO is known to cause
poor capacity retention for lithium-ion batteries due to its low
electrical conductivity and substantial volume change during
the conversion reaction.[46] Accordingly, we confirm a rapid and
complete loss of the reversible capacity of V2O3/VC-CDC-1 :3 at
higher rates.
As the specific current is increased, V2O3/VC-CDC-1 :2 shows
a good rate handling by maintaining values of about
110 mAh ·g1 at 2.5 A ·g1 and about 40 mAh ·g1 at 10 A ·g1
(Figure 4B). This performance is significantly better than com-
V2O3 electrodes where only 18 mAh ·g
1 was maintained at
2.5 A ·g1; the latter corresponds with a capacity loss of 71%
compared to the low-rate capacity. Electrodes of VC/VC-CDC
showed a low initial capacity at 0.01 A ·g1 of 224 mAh ·g1
during the first cycle and 117 mAh ·g1 during the second cycle.
Yet, this material maintained about 52% (40 mAh ·g1) of the
capacity at 0.5 A ·g1. In the absence of V2O3 domains, the
charge storage capacity of VC/VC-CDC is limited to ion electro-
sorption of lithium on the surface area, and below 0.1 V vs. Li/
Li+ to lithium intercalation within graphitic domains of the
carbon phase. With the presence of significant amounts of
residual vanadium carbide acting as dead mass, the overall
charge storage capacity is limited, but the short diffusion
pathways for lithium to intercalate in the graphitic domains
explain the high rate handling ability. The first-cycle perform-
ance of about 112 mAh ·g1 of VC/VC-CDC is also fully restored
after returning to the low rate of 0.01 A ·g1 after 45 cycles.
The cycling stability was tested in the voltage range of 0.01-
3.00 V vs. Li/Li+ at a specific current of 0.1 A ·g1 (Figure 5). For
Figure 4. A) The 10th cycle voltage profiles of the samples measured with galvanostatic charge/discharge cycling at a specific current of 0.1 A ·g1 from 0.01–
3.00 V vs. Li/Li+. B) Rate handling performance of the samples in the voltage range of 0.01–3.00 V vs. Li/Li+.
Figure 5. Cycling stability of the samples at 0.1 A ·g1.
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the second cycle, the highest capacity is obtained for V2O3/VC-
CDC-1 :2 (168 mAh ·g1), followed by VC-CDC (111 mAh ·g1),
com-V2O3 (102 mAh ·g
1), V2O3/VC-CDC-1 :2.5 (57 mAh ·g
1), and
V2O3/VC-CDC-1 :3 (38 mAh ·g
1). The capacity of com-V2O3
decreased to 27 mAh ·g1 after 50 cycles, while the capacity of
the all other samples increases after the first ten cycles. The
capacity increase of VC/VC-CDC electrode proceeded even until
the 165th cycle. Afterward, the VC/VC-CDC electrode exhibited a
constant capacity of 100 mAh ·g1. The 500th charge/discharge
cycle of V2O3/VC-CDC-1 :2.5 yielded a specific capacity of
90 mAh ·g1, of V2O3/VC-CDC-1 :3 a value of 40 mAh ·g
1, and of
com-V2O3 only 25 mAh ·g
1. The best material V2O3/VC-CDC-1 :2
yielded a capacity of 225 mAh ·g1 after 500 cycles.
To better understand the cycling performance, we carried
out post mortem XRD and Raman analyses (Figure 6A–B) of the
electrodes. By this way, we explored possible changes to the
structure of V2O3 and/or carbon as the possible reason for the
improved performance during cycling testing. Considering the
metal oxide, we see that the rhombohedral crystal structure of
V2O3 was maintained in all samples after 500 cycles (Figure 6A).
From this finding, we conclude that rhombohedral V2O3 is
sufficiently stable for lithium intercalation and deintercalation
under the conditions we applied for electrochemical cycling. In
addition, the XRD results at different lithiation/delithiation
states indicate no significant volume changes (Figure S5–6, and
Table S3). This contrasts with previous reports that the signifi-
cant volume change of V2O3 during cycling leads to poor
capacity retention.[23,25,47] The comparison of XRD data from the
pristine samples and the post mortem analysis of the dis-
charged electrodes after 500 cycles shows no significant
residual volume changes of V2O3 (Table S1–S2).
As a next step, we investigated possible changes to the
structure of carbon in the hybrid materials. Structural changes
of carbon can best be studied for the VC/VC-CDC sample. The
latter showed an increase of the specific capacity during
continuous charge/discharge cycling (Figure 5). While pristine
VC/VC-CDC showed a Bragg reflection indicative of hexagonal
graphitic carbon at 26.38 2q (Figure 1A), this peak has
weakened after cycling (Figure 6A). Correspondingly, post
mortem Raman analysis (Figure 6B) shows an increased disorder
of carbon per the increased ID/IG intensity ratios from 0.9 to 1.2
(Table 1, 4). Similarly, we confirmed an increased ID/IG intensity
ratio of carbon in V2O3/VC-CDC-1 :2 (from 1.1 to 2.7), V2O3/VC-
CDC-1 :2.5 (from 1.1 to 2.3), and V2O3/VC-CDC-1 :3 (from 2.1 to
2.2). The latter shows the smallest change of the carbon phase
and the lowest electrochemical performance.
With evident structural changes of the carbon phase and
small changes of V2O3, we can now explain the enhanced
performance of VC/VC-CDC and all three V2O3/VC-CDC samples:
Seemingly, the ability of carbon in the hybrid material electro-
des to reversibly store and release lithium is improved over the
course of continued charge/discharge cycling. This ability
benefits the overall performance because the low minimum
voltage limit of 0.01 V vs. Li/Li+ allows lithium intercalation into
(graphitic) carbon.
3. Conclusions
We present a simplified synthesis for V2O3/carbon hybrid
materials. In the first step, NiCl2 · 6H2O reacts with vanadium
carbide to concurrently produce rhombohedral V2O3 and
carbon. During the decomposition of NiCl2 · 6H2O, vanadium is
selectively etched, leaving behind nanoporous carbide-derived
carbon with a disordered structure. Locally, the residual nickel
Figure 6. A) XRD pattern and B) Raman spectra of the samples after 500 cycles.
Table 4. Post mortem Raman spectra analysis of the D and G-modes of the






com-V2O3 D-mode 1345 122 0.9
G-mode 1589 81
VC/VC-CDC D-mode 1353 123 1.2
G-mode 1590 67
V2O3/VC-CDC-1 :2 D-mode 1349 140 2.7
G-mode 1599 74
V2O3/VC-CDC-1 :2.5 D-mode 1351 161 2.3
G-mode 1599 76
V2O3/VC-CDC-1 :3 D-mode 1350 99 2.2
G-mode 1602 64
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leads to the formation of carbon with a much higher degree of
graphitic ordering. After the one-step thermal annealing, the
remaining metallic nickel can easily be removed from the
sample by washing in aqueous HCl. We tested the electro-
chemical performance in the broad voltage window of 0.01-
3.0 V vs. Li/Li+. The best electrochemical performance of V2O3/
VC-CDC hybrid material as an anode for LIBs with a half-cell
configuration was 187 mAh ·g1 at a low rate of 0.01 A ·g1 and
still 105 mAh ·g1 at the high specific current of 2.5 A ·g1. This
performance was much better compared to commercially
available V2O3 mixed with the same amount of carbon as
present in our hybrid system; the composite electrode only had
an initial specific capacity of 18 mAh ·g1 at the specific current
of 2.5 A ·g1. With the very low potential of 0.01 V vs. Li/Li+, the
adaptation of the materials presented in our study may also
carefully consider the possible issue of electroplating.
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S-1
Table S1. Results from the Rietveld analysis from X-ray diffraction pattern of the samples (pristine). 
Sample Phase Space 
group 
Powder diffraction 







com-V2O3 V2O3 𝑅3̅𝑐 01-074-0325
a = 4.96 
c = 14.00 
298 100 
VC/VC-CDC 
V8C7 𝑃4332 01-089-2608 a = 8.34 580 96 
Graphite 𝑃63𝑚𝑐 01-089-7213
a = 2.48 
c = 6.78 
36 4 
V2O3/VC-CDC-1:2 V2O3 𝑅3̅𝑐 01-074-0325
a = 4.96 
c = 13.99 
298 100 
V2O3/VC-CDC-1:2.5 V2O3 𝑅3̅𝑐 01-074-0325





a = 4.96 
c = 13.96 
263 79 
NiO 𝑅3̅𝑚 01-089-7390 a = 2.95 18 21 
Table S2. Results from the Rietveld analysis from the X-ray diffraction pattern of the post mortem 
samples (after 500 galvanostatic charge/discharge cycles). 
Sample Phase Space 
group 
Powder diffraction 







a = 4.96 
c = 14.00 
298 
Cu 𝐹𝑚3̅𝑚 00-004-0836 a = 3.62 47 
VC/VC-CDC 
V8C7 𝑃4332 01-089-2608 a = 8.34 579 
Cu 𝐹𝑚3̅𝑚 00-004-0836 a = 3.62 47 
V2O3/VC-CDC-1:2 
V2O3 𝑅3̅𝑐 01-074-0325
a = 4.95 
c = 13.99 
297 
Cu 𝐹𝑚3̅𝑚 00-004-0836 a = 3.62 47 
V2O3/VC-CDC-1:2.5 
V2O3 𝑅3̅𝑐 01-074-0325
a = 4.96 
c =13.99 
298 
Cu 𝐹𝑚3̅𝑚 00-004-0836 a = 3.62 47 
V2O3/VC-CDC-1:3 
V2O3 𝑅3̅𝑐 01-074-0325
a = 4.96 
c = 13.94 
296 
NiO 𝑅3̅𝑚 01-089-7390 a = 2.95 18 
Cu 𝐹𝑚3̅𝑚 00-004-0836 a = 3.62 47 
S-2
Figure S1. (A) Thermogram and (B) corresponding mass spectra of the TGA-MS measurements of the 
mixture with the stoichiometric ratios of 1 mol of VC and 2 mol of NiCl2·6H2O. 
S-3
Figure S2. Measured and fitted Raman spectra of (A) VC/VC-CDC, (B) V2O3/VC-CDC-1:2.5, (C) com-V2O3 
before electrochemical cycling, and (D) com-V2O3 after 500 charge/discharge cycles. 
S-4
Figure S3. Scanning electron micrographs of (A) VC/VC-CDC, (B) V2O3/VC-CDC-1:2, (C) V2O3/VC-CDC-
1:2.5, and (D) V2O3/VC-CDC-1:3. 
S-5
Figure S4. Panel A and B show bright field STEM images of V2O3/VC-CDC-1:2. Panel D displays the 
elemental map for vanadium (green), carbon (red), and oxygen (blue) of the corresponding HAADF 
STEM image shown in panel C. 
Figure S5. Nitrogen sorption isotherms of all samples (STP: standard temperature and pressure). 
Closed symbols: adsorption branch; open symbols: desorption branch. 
S-6
Figure S6. (A) Cycling stability of V2O3/VC-CDC-1:2 measured at a specific current of 0.1 A·g-1 for 40 
cycles, (B) The 41st cycle voltage profiles of V2O3/VC-CDC-1:2 stopped at certain potentials where a, b, 
and c refer to lithiation at 1.5 V, 0.75 V, and 0.01 V vs. Li/Li+, d, e, and f refer to delithiation at 0.75 V, 
1.5 V, and 3.0 V vs. Li/Li+, respectively. (C) Post mortem XRD pattern of the V2O3/VC-CDC-1:2 of the 
corresponding potential in B. 
S-7
Table S3. Results from the Rietveld analysis from the post mortem X-ray diffraction pattern of the 
V2O3/VC-CDC-1:2 (at different lithiation/delithiation states). 
Sample Phase Space 
group 
Powder diffraction 





Lithiation at 1.5 V (a) 
V2O3 𝑅3̅𝑐 01-074-0325
a = 4.96 
c = 13.99 
298 
Cu 𝐹𝑚3̅𝑚 00-004-0836 a = 3.62 47 
Lithiation at 0.75 V (b) 
V2O3 𝑅3̅𝑐 01-074-0325
a = 4.96 
c = 13.99 
298 
Cu 𝐹𝑚3̅𝑚 00-004-0836 a = 3.62 47 
Lithiation at 0.01 V (c) 
V2O3 𝑅3̅𝑐 01-074-0325
a = 4.95 
c = 13.99 
297 
Cu 𝐹𝑚3̅𝑚 00-004-0836 a = 3.62 47 
Delithiation at 0.75 V (d) 
V2O3 𝑅3̅𝑐 01-074-0325
a = 4.96 
c =13.99 
297 
Cu 𝐹𝑚3̅𝑚 00-004-0836 a = 3.62 47 
Delithiation at 1.5 V (e) 
V2O3 𝑅3̅𝑐 01-074-0325
a = 4.95 
c =13.98 
297 
Cu 𝐹𝑚3̅𝑚 00-004-0836 a = 3.62 47 
Delithiation at 3 V (f) 
V2O3 𝑅3̅𝑐 01-074-0325
a = 4.95 
c =13.98 
297 
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This study explores two different synthesis approaches for Nb2O5/carbon hybrid materials. 
The first synthesis was conducted via two thermal treatment; the first thermal treatment was 
the partial conversion of NbC particles to NbC/carbon under vacuum using NiCl2∙6H2O, while 
the second thermal treatment was targeting the conversion of NbC particles to Nb2O5 via CO2 
oxidation atmosphere to keep carbon in the hybrid structure. The second synthesis was 
performed via the chloroxidation method with only one thermal treatment step. Two different 
structures possessor Nb2O5/carbon hybrid were observed, namely m-Nb2O5/carbon and o-
Nb2O5/CDC. Both hybrid materials display a specific capacity of about 300 mAh/g, which is 
significantly the highest capacity obtained until now from Nb2O5 electrodes. Moreover, the 
hybrid m-Nb2O5/carbon can provide a higher capacity for high current rates compared to the 
composite counterpart. 
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ABSTRACT: Nb2O5 has been explored as a promising anode material for
use as lithium-ion batteries (LIBs), but depending on the crystal structure,
the specific capacity was always reported to be usually around or below 200
mAh/g. For the first time, we present coarse-grained Nb2O5 materials that
significantly overcome this capacity limitation with the promise of enabling
high power applications. Our work introduces coarse-grained carbide-
derived Nb2O5 phases obtained either by a one-step or a two-step bulk
conversion process. By in situ production of chlorine gas from metal
chloride salt at ambient pressure, we obtain in just one step directly
orthorhombic Nb2O5 alongside carbide-derived carbon (o-Nb2O5/CDC).
In situ formation of chlorine gas from metal chloride salt under vacuum
conditions yields CDC covering the remaining carbide core, which can be transformed into metal oxides covered by a carbon shell
upon thermal treatment in CO2 gas. The two-step process yielded a mixed-phase tetragonal and monoclinic Nb2O5 with CDC (m-
Nb2O5/CDC). Our combined diffraction and spectroscopic data confirm that carbide-derived Nb2O5 materials show disordering of
the crystallographic planes caused by oxygen deficiency in the structural units and, in the case of m-Nb2O5/CDC, severe stacking
faults. This defect engineering allows access to a very high specific capacity exceeding the two-electron transfer process of
conventional Nb2O5. The charge storage capacities of the resulting m-Nb2O5/CDC and o-Nb2O5/CDC are, in both cases, around
300 mAh/g at a specific current of 10 mA/g, thereby, the values are significantly higher than that of the state-of-the-art for Nb2O5 as
a LIB anode. Carbide-derived Nb2O5 materials also show robust cycling stability over 500 cycles with capacity fading only 24% for
the sample m-Nb2O5/CDC and 28% for o-Nb2O5/CDC, suggesting low degree of expansion/compaction during lithiation and
delithiation.
KEYWORDS: lithium-ion battery, electrochemical energy storage, hybrid material, carbide-derived oxide, niobium pentoxide
1. INTRODUCTION
Electrochemical energy storage (EES) with high specific energy
and power is essential for the successful transition of combustion
engine vehicles to electric cars, advancedmobile communication
devices, and energy harvesting technologies.1,2 The most
advanced and widespread type of EES is the lithium-ion battery
(LIB)3 because of its long cycle life, high energy density, and
efficiency.4 To meet the growing demands in energy and power
ratings, there is a constant need for the development of
improved and optimized LIB electrode materials. Metallic
lithium offers a high theoretical capacity of 3860 mAh/g with a
low redox potential of −3.04 V vs. standard hydrogen electrode
(SHE) but is plagued by dendrite formation and safety
concerns; therefore, lithium insertion compounds are preferred
for rechargeable LIBs.4,5 Graphite, for example, provides a high
specific capacity of 372 mAh/g and a low insertion potential of
+0.2 V vs. Li/Li+, which translates to a high energy and power
density.1 However, graphite suffers from large stress during Li
insertion/desertion, resulting in reduced cycling stability.6 As an
alternative, researchers have explored TiO2 and Li4Ti5O12
(LTO), which have a high operating voltage of 1.7 and 1.5 V
vs. Li/Li+, respectively.While there is the benefit of a low volume
change for TiO2 (4%) and LTO (<1%), these two materials
provide only a limited theoretical capacity of about 170 mAh/
g.7,8
Niobium pentoxide (Nb2O5) is an alternative insertion-type
anode to LIBs due to its various superior features.9 The
operating redox potential of Nb2O5 is above 1 V vs. Li/Li
+.10 At
this voltage, electroplating is prevented, and a safer device
operation is enabled.11 Nb2O5 can be obtained in different
crystal structures, including hexagonal, orthorhombic, tetrago-
nal, and monoclinic, which have different electrochemical
properties.12,13 For example, Viet et al. measured for the
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pseudohexagonal Nb2O5 electrode a specific capacity of 150
mAh/g at redox couple peaks of 1.84 V vs. Li/Li+, while Li et al.
showed for polymorph Nb2O5 a specific capacity of 190 mAh/g
within the voltage window of 1.2−3.0 V vs. Li/Li+.14,15 Hollow
nanospheres of hexagonal Nb2O5 exhibit a specific capacity of
172 mAh/g at a C-rate of 0.5.16 Pseudohexagonal and
orthorhombic Nb2O5/amorphous carbon core/shell materials
provide about 200 mAh/g at 0.1 C in the voltage range of 1.0−
3.0 V vs. Li/Li+.17 3D holey-graphene/orthorhombic Nb2O5 has
been found to exhibit a capacity of 139mAh/g at a high C-rate of
10.18 Nanobelts composed of orthorhombic Nb2O5 found by
Wei et al. presented an initial specific capacity of 250 mAh/g in
the voltage range of 1.2−3.0 V vs. Li/Li+.19 Tetragonal Nb2O5
was described as a transformation phase in orthorhombic and
monoclinic phases, where the initial specific capacity was ca. 230
mAh/g in the voltage window of 1.2−3 V vs. Li/Li+.13 Using
electrospinning, our team reported reversible capacities of 160
and 240 mAh/g, respectively, for tetragonal and monoclinic
Nb2O5/carbon fibermats at a specific current of 0.025 A/g in the
voltage window of 0.8−3.0 V vs. Li/Li+.20 In all these structures,
orthorhombic and tetragonal Nb2O5 are highly promising
candidates due to the fact that they are capable of maintaining
their original structures even after lithium insertion, resulting in
better electrochemical cycling performance.13,21 The ortho-
rhombic Nb2O5 phase shows suppressed lithiation/delithiation
peaks in the electrochemical signature with more pseudocapa-
citive resemblance as a result of ion insertion into the large
interstitial sites.22,23Monoclinic Nb2O5 was reported to have the
highest capacity among them of 242 mAh/g.14
Until now, different crystal structures of Nb2O5 have been
mostly reported to yield a lithiation capacity of about 200 mAh/
g, which aligns with a two-electron transport process via the
transition between Nb5+ and Nb4+ and the formation of
Li2Nb2O5.
24,25 Kumagai et al.21 have mentioned already in
1983 that Nb2O5 should allow insertion of “at least” two lithium
ions. Furthermore, Shi et al.24 speculated about the concurrence
of Nb5+ to Nb4+ and the Nb3+ oxidation state changes during
lithiation/delithiation. This uncertainty about the upper limit
for reversible Li-insertion into Nb2O5 host structures for LIBs
has inspired our work. There have also been two recent studies,
where an excess value of 200 mAh/g was enabled by utilization
of nanoscaled Nb2O5 and the added surface area may play a key
role in enhancing the energy storage metrics.26,27 Our work,
however, targets to unlock the high charge storage domain not
by nanoscale material design but by defect engineering and
crystal structure optimization of bulk materials (starting with
coarse-grained carbide particles as the precursor). Controlling
the structural defects (stacking faults and oxygen vacancies) not
only significantly boosts the conductivity of materials but also
enables a higher intrinsic charge storage capacity.28,29
Our work uses the unique tool of carbide-derived oxide
synthesis to design Nb2O5 with tailored defect structures and
implement carbon at the nanoscale level to make it an advanced
hybrid electrode material. We introduce, for the first time, cyclic
stable bulk Nb2O5 with a reversible high specific capacity of 300
mAh/g. This high performance is observed for carbide-derived
Nb2O5/carbon hybrid materials with a disordered crystal
structure. We present data with this high charge storage capacity
for two Nb2O5 crystal structures, namely orthorhombic Nb2O5,
and mixed monoclinic and tetragonal Nb2O5. Carbides are a
convenient and versatile precursor for the synthesis of metal
oxides and metal oxide/carbon hybrids. We used two synthesis
routes: a two-step and a one-step method. Facile carbide
conversion can be obtained by the two-step process of
chlorination (to create carbon) followed by oxidation (to create
the metal oxide phase but without removing all formerly formed
carbon).30 Alternatively, one-step processing of metal carbide
via chloroxidation triggered by the decomposition of a chloride
hydrate (e.g., NiCl2·6H2O) directly leads to the coexistence of
metal oxide and carbide.31
2. EXPERIMENTAL
2.1. Material Synthesis. 2.1.1. Nb2O5 Material Nomenclature.
Considering the specific crystal structures of m-Nb2O5/CDC and o-
Nb2O5/CDC, our nomenclature deviates from previous studies.
32 For
example, the conventional name for orthorhombic Nb2O5 would be
Tief-Nb2O5 (T-Nb2O5).
33 We prefer to address our material as o-
Nb2O5 as amore suitable name considering the differences in the crystal
structure compared to actual Tief-Nb2O5. Also, we chose m-Nb2O5
with m standing for mixed because it contains tetragonal Mittel-Nb2O5
(M-Nb2O5) and monoclinic Nadel-Nb2O5 (N-Nb2O5). We also used
commercially available Nb2O5, which contains tetragonal and
monoclinic phase contents and is labeled com-Nb2O5.
2.1.2. Synthesis of m-Nb2O5/CDC.The synthesis of m-Nb2O5/CDC
was performed by two thermal treatment steps. In the first step, for the
synthesis of NbC/CDC particles, in situ production of chlorine under
vacuum conditions was used for the reactive extraction of niobium from
NbC using NiCl2·6H2O as the chlorine source.
34 At this step, the
decomposition of NiCl2·6H2O under vacuum conditions leads to
incomplete conversion of NbC (eqs1 and 2). The following step is to
oxidize the residual NbC with CO2 instead of using O2 to avoid
complete carbon burn-off.
· → +NiCl 6H O NiCl 6H O2 2 2 2 (1)
+ → + + → + +NbC 2NiCl NbC 2Ni 2Cl C NbCl 2Ni2 2 4
(2)
For the incomplete conversion of NbC to carbide-derived carbon
(CDC), NbC (H.C. Starck, purity≥98%) andNiCl2·6H2O (Alfa Aesar,
purity 98%) were homogenized using a mortar with a stoichiometric
ratio of 1.0 mol NbC per 0.8 mol NiCl2·6H2O. Then, the solid mixture
was transferred into a graphite crucible, and the latter was placed in the
isothermal zone of a tubular furnace (Gero, type: DZF 100−750/13,
diameter: 34 cm, and length: 1.5 m). Afterward, the furnace was
evacuated until a pressure of about 1 mbar was achieved, heated to 1000
°C at a rate of 3.3 °C/min, and held at 1000 °C for 3 h. The furnace was
then cooled to room temperature. The sample from the furnace was
washed with 200 mL of aqueous 3 M HCl to eliminate elemental Ni.
After stirring the solution overnight, the particles were filtered by using
an excessive amount of distilled water. The filtered particles were dried
at 75 °C overnight. The obtained sample was labeled as NbC/CDC.
In the second step of the synthesis, the NbC/CDC particles were
subjected to carbide-to-oxide conversion. The thermal treatment was
carried out using a VG Scienta GP-CVD tube furnace in a gas mixture of
Ar (flow rate: 100 cm3/min) and CO2 (flow rate: 50 cm
3/min) at 900
°C for 1 h. During the heating and cooling process, the CO2 gas flow
was excluded. The sample was labeled m-Nb2O5/CDC. The process
can be expressed by eq3.
+ + → + +2NbC C 3CO Nb O 5C CO2 2 5 (3)
2.1.3. Synthesis of o-Nb2O5/CDC. The synthesis of o-Nb2O5/CDC
involved the one-step chloroxidation of niobium carbide (NbC, H. C.
Starck, purity ≥98%) and CuCl2·2H2O (Sigma Aldrich, purity ≥98%)
with a stoichiometric amount of 1.0 mol NbC per 4.0 mol CuCl2·2H2O
under ambient pressure.31 The process can be expressed by eq4.
+ ·
→ + + + + +
4NbC 12(CuCl 2H O)
3C 2Nb O 12H O 24HCl CO 12Cu
2 2
2 5 2 2 (4)
NbC and CuCl2·2H2O were ground using a mortar until a
homogeneous mixture was obtained. The obtained mixture was
transferred to a quartz glass crucible and placed in an isothermal
ACS Applied Energy Materials www.acsaem.org Article
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zone of a quartz tube furnace (HTRH, Gero). After sealing the furnace,
Ar gas was flushed at a flow rate of 50 cm3/min during the whole
process. As a first step, the furnace was held at room temperature for 5 h
to equilibrate the Ar gas atmosphere. Then, the furnace was heated to
700 °C at a rate of 2.5 °C/min and held at 700 °C for 3 h. Afterward, the
furnace was cooled to room temperature. The obtained material was
then poured into 200 mL of 3 M HCl solution and stirred overnight to
remove elemental Cu. The acquired solution was filtered by using the
vacuum filtration method with an excess amount of distilled water until
the pH of the filtrate reached a value of 7. The filtrated product was
dried at 75 °C overnight. The resulting sample was labeled o-Nb2O5/
CDC.
2.2. Material Characterization. Scanning electron microscopy
(SEM) images were obtained using a JEOL JSM 7500F field emission
scanning electron microscope at an accelerating voltage of 3 kV. All
samples were placed on a steel sample holder by using carbon tape.
Transmission electron microscope (TEM) images were recorded using
a JEOL JEM-2100F system operating at 200 kV in a vacuum. The
samples were prepared by dispersing and sonicating in isopropanol and
drop-cast onto a copper grid with a lacey carbon film. In addition, the
elemental composition mapping of m-Nb2O5/CDC and o-Nb2O5/
CDC was performed by energy-dispersive X-ray analysis (EDX) using
an X-Max-150 detector from Oxford Instruments coupled with a JEOL
JEM-2100F system.
Elemental analysis (CHNS) was carried out using a Vario Micro
Cube System with sulfanilamide as the calibrant and a reduction
temperature of 850 °C. Quantitative analysis of elemental oxygen was
performed by using an OXY cube oxygen analyzer at 1450 °C.
X-ray photoelectron spectroscopy (XPS) was conducted using an
Axis Ultra DLD spectrometer (Kratos Analytical) with monochromatic
Al-Kα as the photoelectron excitation source. At an X-ray radiation
power of 150 W (15 kV, 10 mA) with a spot size of about 250 μm, we
used pass energies of 160 eV (wide scan) and 80 eV (elemental scan).
For high-resolution scans, we used an X-ray radiation power of 225 W
and a pass energy of 10 eV.
Powder X-ray diffraction (XRD) was performed using a Bruker AXS
D8 Advance diffractometer with Ni-filtered Cu-Kα radiation (wave-
length: 0.15406 nm, voltage: 40 kV, current: 40 mA) for the powder
samples of o-Nb2O5/CDC, m-Nb2O5/CDC, and com-Nb2O5. A
variable diverge slit was used at the primary beam side and a Bruker
AXS LYNXEYE detector at the secondary beam side. The background
was reduced by discriminating against the detector. Air scattering was
reduced by a knife edge. Measurements were carried out with standard
powder sample holders in the 2θ range between 7 and 150° with a step
size of 0.013° and a total scan time of 4 h.
X-ray powder diffraction of NbC/CDC was carried out using a
Bruker AXS D8 Discover diffractometer with Cu-Kα radiation
(wavelength: 0.15406 nm, voltage: 40 kV, current: 40 mA), a Goebel
mirror (point focus: 0.5 mm), and a Bruker AXS VANTEC 500 area
detector. The measurement was performed by positioning the detector
from 20 to 100° 2θwith an increment of 20° 2θ. The total measurement
time was chosen as 55 min. The Bruker AXS software TOPAS 5 was
used for Rietveld refinements for all the powder samples. Instrumental
line broadening was included in a fundamental parameter approach.35
Raman spectra were recorded using a Renishaw inVia system
equippedwith anNd-YAG laser (532 nm) and a power of 0.5mWat the
surface of the samples. From each of the samples, 10 different spots
were recorded with five accumulations and 30 s acquisition time in the
range of 100−3200 cm−1. Peak analysis was performed by baseline
corrections, assuming Voigt peak profiles for D-mode, G-mode, D′-
mode, and amorphous carbon.
To obtain values for the specific surface area (SSA) and pore volume
of the samples, nitrogen gas sorption analysis (GSA) at −196 °C was
performed using a Quantachrome Quadrasorb system. The samples
were degassed at 300 °C under vacuum conditions for 24 h. The total
pore volume was obtained at a relative pressure value of 0.95. The SSA
values were calculated using the Brunauer−Emmett−Teller (BET)
equation (Ref.36) in the linear pressure range of 0.01−0.1 (Ref.37) using
the ASiQwin software package.
Thermogravimetric analysis (TGA) using a TG 209 F1 Libra system
(Netzsch) was performed to characterize oxidation vacancies of the m-
Nb2O5/CDC and o-Nb2O5/CDC samples. TGA of the samples was
carried out in a mixture of synthetic air (80 cm3/min) and Ar (20 cm3/
min) with a heating rate of 5 °C/min.
2.3. Electrochemical Characterization.A slurry of the electrodes
was prepared using a mixture of 80 mass % of active materials (o-
Nb2O5/CDC, m-Nb2O5/CDC, and com-Nb2O5), 10 mass % of
polyvinylidene fluoride (PVdF, Alfa Aesar) as a binder, and 10 mass %
of carbon black (C65, Imerys Graphite & Carbon) as a conductive
additive. The required amount of active materials and carbon black was
mixed using a mortar. The mixtures were added into a solution of PVdF
andN-methyl-2-pyrrolidone (NMP, Sigma-Aldrich). An excess amount
of NMPwas added to the slurry to adjust the viscosity, and the resulting
slurry was stirred overnight, and then coated on Cu foil with a wet
thickness of 125 μm. The coated electrodes were dried at 110 °C in a
vacuum for 10 h. After that, the coated electrodes were gently pressed in
a rolling machine (HR01 hot rolling machine, MTI) and cut into a
circle shape with a diameter of 12 mm. The average mass loading values
of o-Nb2O5/CDC and m-Nb2O5/CDC were 2.1 and 1.4 mg/cm
2,
respectively.
Coin cells (2032-type) were assembled in an argon-filled glove box
(O2, H2O < 1 ppm) with lithium foil (diameter of 12 mm) as the
counter and reference electrode, two pieces of Celgard 2325 (diameter
of 18 mm) as a separator, and 1 M lithium hexafluorophosphate
(LiPF6) in an ethylene carbonate (EC) and dimethyl carbonate (DMC)
mixture in the volumetric ratio of 1:1-EC:DMC (Sigma-Aldrich) as the
electrolyte.
A VMP300 system connected to a Bio-Logic multichannel
potentiostat was used to record the cyclic voltammetry (CV) results
in the potential range of 1.0−2.5 V vs. Li/Li+ at a scan rate of 0.05mV/s.
For galvanostatic charge/discharge cycling with potential limitation,
GCPL measurements were carried out using an Arbin Battery Cycler in
the range of 1.0−2.5 V vs. Li/Li+ using 0.01−10 A/g to observe the rate
capability and specific current of 1 A/g to examine cyclic stability. The
specific capacity was calculated based on the mass of the active material
of the electrodes.
To quantify the strain of the electrodes during charging and
discharging, electrochemical dilatometry measurements were carried
out using an ECD-2-nanosystem from EL-CELL connected to a
VSP300 Bio-Logic multichannel potentiostat.38 The dilatometer cell
was assembled in an Argon-filled glove box (O2, H2O < 1 ppm) with
metallic lithium (diameter of 11 mm) as the counter and reference
electrode, one piece of glass microfiber filters (GF/F, Whatman) with a
diameter of 13 mm as an additional separator, and 1 M lithium
hexafluorophosphate (LiPF6) in an ethylene carbonate (EC) and
dimethyl carbonate (DMC) mixture in the volumetric ratio of 1:1-
EC:DMC (Sigma Aldrich) as the electrolyte. The measurements were
performed at a scan rate of 0.5 mV/s at 25 ± 1 °C.
3. RESULTS AND DISCUSSION
3.1. Material Characterization. To better capitalize on the
charge storage capacity intrinsic to ion insertion into the host
matrix of crystalline niobium pentoxide, we designed a synthesis
strategy to implement electrically conductive carbon at the
nanoscale level within the metal oxide matrix.39 Such hybrids are
attractive electrode materials for combined high power and high
energy applications.39−41 For our work, we used two different
synthesis routes: (1) a two-step process first incompletely
converted NbC to CDC at 1000 °C yielding NbC/CDC; then,
the residual core was subjected to thermal treatment in CO2 at
900 °C to oxidize the carbide core without completely removing
the CDC phase, yielding mixed monoclinic and tetragonal
niobium pentoxide/carbide-derived carbon (m-Nb2O5/CDC).
(2) The one-step chloroxidation of NbC at 700 °C yielded
orthorhombic niobium pentoxide/carbide-derived carbon (o-
Nb2O5/CDC). To better understand the influence of the
structural defect on the electrochemical properties of m-Nb2O5/
ACS Applied Energy Materials www.acsaem.org Article
https://dx.doi.org/10.1021/acsaem.9b02549
ACS Appl. Energy Mater. 2020, 3, 4275−4285
4277
CDC, we further investigated commercial niobium pentoxide
(com-Nb2O5), which also contains a monoclinic and tetragonal
Nb2O5 phase mixture with a lower degree of defect.
In our two-step synthesis, scanning electron micrographs
show that the NbC/CDC material is composed of particles in
the range of ca. 0.5−1 μm(Figure 1A). This value aligns with the
initial particle size of the NbC material (Figure 1H) as the
carbide-to-CDC transformation is known to be largely
conformal, that is, preserves the size and shape of the initial
ceramic.42,43 Transmission electron micrographs (Figure 1A,B)
reveal the presence of carbon (CDC) predominantly at the outer
regions of the NbC granules. The CDC domains are partially
removed but not completely lost after oxidation at 900 °C in
CO2, as indicated by the decreased particle size with a rod-like
morphology (Figure 1C,D). Thereby, the m-Nb2O5/CDC
sample qualifies as a hybrid material of carbon (2.6 mass %)
and niobium oxide (97.4 mass %), as confirmed by chemical
analysis (Table 1).
As seen in Figure 1E, the particle morphology and the size of
o-Nb2O5/CDC are very close to the initial NbCmaterial (Figure
1H). In comparison to m-Nb2O5/CDC, o-Nb2O5/CDC shows
a much more disordered carbon phase as a result of the lower
synthesis temperature.42 Chemical analysis shows 5.7 mass % of
carbon and 94.3 mass % of niobium pentoxide (Table 1),
yielding, like for m-Nb2O5/CDC, a hybrid material of carbon
and metal oxide.
The structure of theNbC/CDCparticles was further analyzed
by XRD. The diffraction pattern was refined using Rietveld
refinement (Supplementary Information, Figure S1 and Table
S1). We determined residual cubic (Fm3̅m) NbC with a lattice
parameter of a = 0.45 nm with the characteristic Bragg positions
at 34.7, 40.3, 58.3, and 69.6° 2θ. After oxidation in CO2, NbC/
CDC was converted to m-Nb2O5/CDC, and the corresponding
diffractogram did not match with common Nb2O5 phases
(Figure 2A).
Based on X-ray diffraction, the most likely explanation for the
measured intensities found for m-Nb2O5/CDC (Figure 2A) and
com-Nb2O5/CDC (Figure 2D) was to assume the co-existence
of the two different crystal phases of Nb2O5. To this end, we
calculated the diffraction patterns of monoclinic Nb2O4.91 (space
group P2/m, ICSD 160156; Figure 2B)44 and tetragonal Nb2O5
(space group I4/mmm, ICSD 17027; Figure 2C).45 By
comparing the calculated and measured intensities in Figure
2A and Figure 2D, we see a fair and partial matching to the
powder pattern; no reasonable agreement between the
calculated and observed patterns was achieved when assuming
only one crystal structure (i.e., either only tetragonal or only
monoclinic).
The calculated position of the (330) reflection of the
tetragonal phase at 18.6° 2θ was shifted to higher angles
compared to the observed one. In contrast, the calculated (440)
reflection at 24.8° 2θ was shifted to lower angles. This may not
be compensated by variations of the lattice parameters. Either
another structure type of lower symmetry or special properties of
the microstructure of the tetragonal phase might cause this
phenomenon. A similar problem was encountered in the case of
the monoclinic phase. The reflection groups around 18 and 25°
2θ would have to move toward another, which was not possible
in the given symmetry.
As seen in Figure 2B,C, tetragonal Nb2O5 (M-Nb2O5) and
monoclinic Nb2O5 (N-Nb2O5) are structurally closely related.
These structures are composed of blocks of linked NbO6
octahedra with different block sizes and shearing of these
blocks.45−47 The defects of oxygen in Nb2O4.91 are compensated
by forming a shear structure of the tetragonal Nb2O5. An even
more drastic splitting of the reflections may be found in the
pattern of orthorhombic Nb2O4.83 (space group Cmcm, ICSD
160157, Ref.44). The reflection splitting of Nb2O5 correlates
with the oxygen content.44 This means that a smaller number of
oxygen deficiencies translate to a lower reflection splitting.
Severe anisotropic reflection broadening is present in the
diffraction patterns of the sample m-Nb2O5/CDC (Figure 2A).
The (00 L) reflections show onlyminor broadening, while (hk0)
reflections show major broadening. A lattice parameter very
similar to c in tetragonal Nb2O5 is also given by both other
Figure 1. Scanning electron micrographs and TEMmicrographs (inset, upper right corner) (A, B) of the NbC/CDC, (C, D) of m-Nb2O5/CDC, and
(E, F) of o-Nb2O5/CDC. Scanning electron micrograph of (G) com-Nb2O5 and (H) the initial NbC powder.
Table 1. Elemental Composition Analysis by XPS andCarbon








(mass %) O (mass %)
m-Nb2O5/CDC 0.36 15.2 2.6 ± 0.1 12.5 ± 0.7
o-Nb2O5/CDC 0.24 5.2 5.7 ± 0.3 29.6 ± 1.6
stoichiometric
Nb2O5
0.40 28.6 0 30.1
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structures (ca. 0.382 nm), while the other lattice parameters are
different and range from 2.03 nm in the tetragonal structure to
1.57 and 1.79 nm in the monoclinic structure. Different
arrangements of the shearing structures may coexist within
small domains, without disrupting the mean symmetry of the
host lattice completely. This leads to diffuse broadening instead
of distinct sharp reflections. Also, stacking faults have been
reported to exist within Nb2O5 samples.
47 Stacking faults may
cause symmetry contradictory shifting of reflections and
isotropic or anisotropic or even asymmetric broadening.48−50
Therefore, the observed pattern is consistent with tetragonal
Nb2O5 as the host lattice with different types of domain defects,
a combination of different shear structures and stacking faults.
Therefore, the overall structure may be described as defect-rich
tetragonal.
We included in our study also commercially available Nb2O5
(com-Nb2O5). The analysis of com-Nb2O5 (Figure 2D) showed
partial fitting with fixed microstructural parameters using the
phases of Nb2O4.91 (space group P2/m) and tetragonal Nb2O5
(space group I4/mmm). The reflections of com-Nb2O5
(especially at 17.5/18.5/19.1 °2θ) display a lower degree of
broadening and less shifting in comparison with the reflections
of m-Nb2O5/CDC (Figure 2A). A lower reflection splitting
correlates with oxygen vacancies in the structures. The reflection
splitting of m-Nb2O5/CDC is much higher than that of com-
Nb2O5. Hence, the m-Nb2O5/CDC material possesses higher
Figure 2. (A) Measured X-ray diffraction pattern of m-Nb2O5/CDC with the calculated pattern of monoclinic Nb2O4.91 (P12/m1) and tetragonal
Nb2O5 (I4/mmm). (B) Calculated crystal structure of monoclinic Nb2O4.91 (P12/m1) and (C) tetragonal Nb2O5 (I4/mmm). (D) Measured X-ray
diffraction pattern of com-Nb2O5 with the calculated pattern of monoclinic Nb2O4.91 (P12/m1) and tetragonal Nb2O5 (I4/mmm). (E) Rietveld
refinement of the X-ray diffraction pattern of o-Nb2O5/CDC. (F) Calculated crystal structure of orthorhombic Nb2O5 (Pbam). (G) Raman spectra
and (H-J) XPS Nb 3d spectra of the samples.
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oxygen deficiency than com-Nb2O5. Therefore, the com-Nb2O5
can be characterized as a lower-degree-defected mixed
monoclinic and tetragonal state structure.
The X-ray diffractogram of o-Nb2O5/CDC (Figure 2E) can
be well fitted using the orthorhombic structure of Nb2O5
proposed by Kato et al. (space group Pbam, ICSD 1840).33
Four of the seven sites of Nb were originally described with x,y,z
sites (Wyckoff position 8i, multiplicity 8) with z being close to
1/2, leading to a split position with a site occupancy factor
(SOF) of 0.5. The additional three 4 g Nb sites with SOF < 0.1
were defined to fit the residual electron density. An R-value Rwp
of 8.27% was achieved using this model in Rietveld refinement.
To simplify the model, the three 4 gNb sites were removed, and
the former 8iNb sites were substituted by x,y,1/2 sites (Wyckoff
position 4 h, multiplicity 4) with a value of SOF = 1. Using the
simplifiedmodel, we obtained a value for Rwp of 8.64%. Since the
difference in the residuals was small and the simplified model
provided an adequate description of the pattern, we used it in
our work, and the corresponding crystal structure is shown in
Figure 2F and Supporting Information, Table S1. The reflection
profile of o-Nb2O5/CDC also reveals a minor but slightly
anisotropic broadening of the reflections. Especially the (001)
reflection at 22.6° 2θ and the (002) reflection at 46.1° 2θ show a
sharper reflection profile compared to other reflections. Such is
consistent with the lattice strain, and additional weak reflections
may relate to a small amount of the secondary phase, like a
different structure of niobium with lower symmetry.
For further characterization, we employed Raman spectros-
copy (Figure 2G). The Raman spectra of NbC/CDC, m-
Nb2O5/CDC, and o-Nb2O5/CDC show the characteristic peaks
of incomplete graphitic carbon for sp2-hybridized carbon, D-
and G-modes at around 1346 and 1588 cm−1, and carbon-
related combination and overtone modes between 2500 and
3200 cm−1.51 The samples NbC/CDC and m-Nb2O5/CDC
present also a D′-mode at 1632 cm−1, which is related to a
disorder-induced splitting of the carbon E2g mode.
52 The
presence of a discernable D′-mode aligns with edge-defects in a
carbon network with a higher degree of graphitic ordering
compared to m-Nb2O5/CDC. In the latter case, we see much
broader D- and G-mode bands.
The peak deconvolution of the Raman spectra is outlined in
Table 2 and Supplementary Information, Figure S2. The full-
width at half maximum (FWHM) of the D- and G-mode of o-
Nb2O5/CDC was 164 ± 7 and 68 ± 3 cm
−1, respectively. For
comparison, for NbC/CDC, the D-mode FWHM was 73 ± 7
cm−1 and the G-mode FWHM was 37 ± 5 cm−1. The narrower
D- and G-modes align with the lower ID/IG ratio of NbC/CDC
(0.9 ± 0.2) compared to o-Nb2O5/CDC (1.4 ± 0.2). This can
be explained by the partial oxidation of the CDC when
transforming NbC/CDC into m-Nb2O5/CDC. Even broader
D-mode (164 ± 07 cm−1) and G-mode (68 ± 3 cm−1) along
with a larger ID/IG ratio (2.7 ± 0.5) were seen for o-Nb2O5/
CDC. The more disordered nature of the carbon in o-Nb2O5/
CDC was a result of the lower processing temperature (700 °C)
compared to m-Nb2O5/CDC (900−1000 °C) as well known
from conventional CDC synthesis.53−55 In addition to the
disordered structure, the CDC present in m-Nb2O5/CDC and
o-Nb2O5/CDC is also nanoporous, as seen from the enhanced
specific surface area of 19 and 57 m2/g, respectively
(Supplementary Information, Table S2; sorption isotherm are
displayed in Supplementary Information, Figure S3).
Raman spectra of m-Nb2O5/CDC and o-Nb2O5/CDC also
show vibrational modes related to Nb−O−Nb in the low
wavenumber region of 100−300 cm−1 and the Nb−O stretching
mode in the range of 500−800 cm−1.56 While the edge-shared
octahedral NbO6 stretching mode of o-Nb2O5/CDC displays
the Raman peak at 688 cm−1, m-Nb2O5/CDC shows the Raman
peak at 628 cm−1.57 The latter peak indicates distorted NbO6
octahedra in the structure of o-Nb2O5/CDC, while the Raman
peak of m-Nb2O5/CDC located at 688 cm
−1 aligns with the
more ordered NbO6 octahedra.
56,58 We also find the spectral
feature of the NbO terminal double bond in the region of
850−1000 cm−1 for m-Nb2O5/CDC and o-Nb2O5/CDC
samples.56 In addition to that, the Raman spectrum of com-
Nb2O5 (Figure 2G) shows only niobium oxide peaks in the
region of 100−1000 cm−1.
X-ray photoelectron spectroscopy (XPS) was performed to
further analyze the Nb-valence states of o-Nb2O5/CDC, m-
Nb2O5/CDC, and com-Nb2O5. The XPS spectra of Nb 3d of the
samples are shown in Figure 2H-J. The identical binding energy
for Nb 3d (Nb5+) in Nb2O5 was detected at 210.1 and 207.3 eV
for Nb 3d3/2 and Nb 3d5/2, respectively.
59 The O 1 s-signal was
fitted to three subpeaks located at 530.3, 531.7, and 532.9 eV,
which were attributed to the Nb−O bond, C−O bond/hydroxyl
groups, and H2O/CO, respectively (Supplementary Informa-
tion, Figure S4A-C).14 As seen from Table 1, the measured
Nb:O atomic ratio of m-Nb2O5/CDC (0.36) and o-Nb2O5/
CDC (0.24) was both lower than what was expected for
stoichiometric Nb2O5 (0.4). The closest value to the stoichio-
metrically ideal ratio was found for com-Nb2O5 (0.39), as seen
in Supplementary Information, Table S3. In addition, we further
performed thermogravimetric analysis of m-Nb2O5/CDC and
o-Nb2O5/CDC using a mixture of synthetic air and argon
(Supporting Information, Figure S5). The observed mass gain
(Table 1) aligns with oxygen deficiency in m-Nb2O5/CDC
(∼4%) and o-Nb2O5/CDC (∼1%). Carbon is mostly present in
the sp2-hybridization, but we also find sp3-carbon, C−O bonds,
and COO groups with the XPS peaks at 284.1, 285.1, 286.6, and
288.7 eV, respectively (Supplementary Information, Figure
S4D,E).60,61
3.2. Electrochemical Analysis. Initial electrochemical
testing showed the need to add a conductive additive (carbon
black; 10 mass %) to the Nb2O5/carbon hybrid material to fully
capitalize on the intrinsic charge storage capacity of the samples.
The intrinsically present carbon (CDC) provides better charge
transport in the samples; however, an insufficient amount of
carbon is present in the samples as the sole charge carrier
conductor. We first carried out cyclic voltammetry at a scan rate
of 0.05 mV/s, and the cut-off potential was between 1.0 and 2.5
V vs. Li/Li+ (Figure 3A-C). The cyclic voltammogram of m-
Nb2O5/CDC shows sharp reduction peaks at 1.6 and 1.1 V vs.
Li/Li+ and oxidation peaks at 1.2 and 1.7 V vs. Li/Li+. The







NbC/CDC D-mode 1346 73 ± 7 0.9 ± 0.2
G-mode 1580 37 ± 5
m-Nb2O5/CDC D-mode 1348 63 ± 4 1.4 ± 0.2
G-mode 1584 56 ± 2
o-Nb2O5/CDC D-mode 1344 164 ± 7 2.7 ± 0.5
G-mode 1601 68 ± 3
aFWHM = full-width at half-maximum.
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amplitude of the redox peak pair at 1.6 V vs. Li/Li+ and 1.7 V vs.
Li/LI+ seen in the cyclic voltammograms is decreased as the
number of cycles is increased, while the oxidation peak at 1.2 V
vs. Li/Li+ is increased (Figure 3A). The cyclic voltammogram of
o-Nb2O5/CDC shows just one broad lithiation/delithiation
peak pair at 1.6−1.8 V vs. Li/Li+ (Figure 3B). This electro-
chemical signature is typical for orthorhombic Nb2O5.
9,14
Similar to what we have observed in the m-Nb2O5/CDC, o-
Nb2O5/CDC also showed a broad peak. The broadening
becomes stronger as the cycle number increased.
To better understand the impact of the different degree
defected structures of monoclinic and tetragonal phases of
Nb2O5 on the electrochemical performance, we further
compared commercially available Nb2O5 (com-Nb2O5) and
m-Nb2O5/CDC. As seen in Figure 3C, com-Nb2O5 depicts a
much sharper lithiation and delithiation peak than that of m-
Nb2O5/CDC, suggesting that lithium ions are hosted in the
specific site in the structure of com-Nb2O5, whereas lithium ions
are randomly diffused through the vacancies caused by stacking
fault in the structure. The com-Nb2O5 also consists of vacancies
caused by the stacking fault in the structure; however, m-
Nb2O5/CDC reveals a higher degree of stacking fault (Figure
2A,D). Thus, the broadening redox peaks in m-Nb2O5/CDC are
most likely caused by random diffusion of lithium in the
structure.
Figure 3. Cyclic voltammograms of (A) m-Nb2O5/CDC, (B) o-Nb2O5/CDC, and (C) com-Nb2O5. GCPL charge/discharge profiles of (D) m-
Nb2O5/CDC, o-Nb2O5/CDC, and com-Nb2O5 samples at a specific current of 0.01 A/g. Rate handling performance of (E) m-Nb2O5/CDC, and o-
Nb2O5/CDC. Cyclic stability performance of (F) m-Nb2O5/CDC, o-Nb2O5/CDC, and com-Nb2O5 at a specific current of 0.1 A/g.
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The galvanostatic charge/discharge operation at 0.01 A/g
shows the ability of m-Nb2O5/CDC and o-Nb2O5/CDC to yield
a charge storage capacity of about 300 mAh/g (Figure 3D). The
profile shape aligns with the presence of several (m-Nb2O5/
CDC and com-Nb2O5) or just one diffuse (o-Nb2O5/CDC)
redox peak. The calculated capacity is normalized to the full
mass of Nb2O5/CDC, that is, excluding the binder and carbon
black but including the mass of CDC. This result is in contrast to
the state-of-the-art in the Nb2O5 for use as a lithium-ion battery,
where maximum insertion capacity was reported about 200
mAh/g (Supporting Information, Table S4).9,14 An excess of
200 mAh/g must also relate to a charge transfer process that
involves three instead of two electrons in the voltage window
(≥1 V vs. Li/Li+) of Li insertion to Nb2O5. For example,
nanostructured monoclinic N2O5 also shows 242 mAh/g at a
specific current of 0.05 A/g in the voltage window of 1.0−2.6 vs.
Li/Li+, while box-implanted orthorhombic Nb2O5 nanorods
provide a capacity of 247 mAh/g at 0.04 A/g in the voltage
window of 1.1 to 3.0 V vs. Li/Li+ (Supporting Information,
Table S4). The low amount of CDC and the limited charge
storage via ion electrosorption of a material with <100 m2/g rule
out the active role of carbon. Instead, the enhanced energy
storage ability must relate to the intrinsic features of m-Nb2O5
and o-Nb2O5 instead, which are aided by the carbide-derive
oxide-formation route and the presence of residual carbon.
Oxygen deficiencies, as confirmed by the TGA results of m-
Nb2O5/CDC and o-Nb2O5/CDC, are known to provide an
increased specific capacity of lithium-insertion materials.62,63
Table S4 in the Supporting Information shows that the high
performance of Nb2O5 has been limited to nanoscaled materials,
such as nanobelts, nanorods, or nanosheets.26,27 In contrast, our
results demonstrate that it is possible for micrometer-scaled
(bulk) materials to achieve high performance by careful design
of crystal structure defects as well. This approach is possibly
adaptable to other bulk materials and may open new design
concepts for advanced electrode material development.
Considering the interstitial sites for lithium accommodation,
m-Nb2O5/CDC provides rather constrained space as compared
with o-Nb2O5/CDC, which results in a higher barrier energy.
However, the ion transport path within the structure of m-
Nb2O5/CDC seems to be faster than that of o-Nb2O5/CDC.
However, the charge transfer kinetics may also play a role
because m-Nb2O5/CDC has a higher degree of graphitic carbon
than that of carbon in the m-Nb2O5/CDC (Table 2). Based on
the structures shown in Figure 2B,C,F, m-Nb2O5 may provide
fast lithium diffusion due to its shorter mean free path per
structure and small grain boundary. The material o-Nb2O5/
CDC shows a zig-zag diffusion path resulting in higher kinetic
energy. With the added effect of the large grain boundary, the
electrochemical performance of o-Nb2O5/CDC is either limited
by diffusion or charge transfer kinetics.
To this end, we conducted kinetic analysis by plotting the
current at a specific potential versus the scan rate (Supple-
mentary Information, Figure S6). Within such a current-vs.-scan
rate plot, a slope of 0.5 (b value) corresponds to a diffusion-
limited process, while a slope of 1.0 would be found for an ideal
ion electrosorption process.64−68 When fitting data obtained for
rates between 0.05 and 3 mV/s, we obtain for m-Nb2O5/CDC
peak currents at 1.6 and 1.7 V vs. Li/Li+ and broad peaks for o-
Nb2O5/CDC a b-value of ca. 0.5. This value is slightly smaller
(i.e., more diffusion limited) compared to the com-Nb2O5
material with b values of 0.59−0.65. We further analyzed the
cyclic voltammograms by using the method described by
Ardizzone et al. (Supplementary Information, Figure S7).67 The
total charge scales well with the inverse of the square root of the
Figure 4. Electrochemical expansion curve (bottom) and the corresponding cyclic voltammogram (top) at 0.5 mV/s sweep rate of (A) m-Nb2O5/
CDC and (B) o-Nb2O5/CDC recorded for the 1st and 10th cycle.
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scan rate, which indicates the solid-state diffusion-limited
process.
From Figure 3E, we see that m-Nb2O5/CDC is capable of
performing faster charge/discharge as compared to the sample
o-Nb2O5/CDC. From the kinetic analysis of the cyclic
voltammograms (Supplementary Information, Figures S6 and
S7), both materials are under diffusion control; thus, the
superior rate handling of m-Nb2O5/CDC can be explained as
follows: (1) o-Nb2O5/CDC possess a lower degree of graphitic
carbon than that of m-Nb2O5/CDC, (2) o-Nb2O5/CDC has
lower oxygen deficiency than m-Nb2O5/CDC, which causes
lower conductivity, resulting in poorer rate handling perform-
ance,69 (3) the particle size of m-Nb2O5/CDC (Figure 1C) is
smaller than that of o-Nb2O5/CDC (Figure 1E), (4) the specific
surface area of the o-Nb2O5/CDC (57 m
2/g) is larger than that
of m-Nb2O5/CDC (19 m
2/g), while the microporous
contribution as seen from the isotherm of o-Nb2O5/CDC is
higher than that of m-Nb2O5/CDC (Supporting Information,
Figure S3); thus, the combination of surface area and
mesoporosity enables the electrolyte penetration throughout
the material, resulting in higher capacity and better rate
handling, (5) CDC distribution in the o-Nb2O5/CDC is poorer
than that of m-Nb2O5/CDC (Supporting Information, Figure
S8). At 10 A/g charge/discharge rate, m-Nb2O5/CDCpossesses
a specific capacity of 100 mAh/g, while o-Nb2O5/CDC
completely loses the charge storage ability (Figure 3E). After
40 cycles of rate handling, both Nb2O5 largely recover their
specific capacity at 0.01 A/g (288 mAh/g for m-Nb2O5/CDC
and 274 mAh/g for o-Nb2O5/CDC). This different capacity
between our m-Nb2O5/CDC and com-Nb2O5 might be
explained by three main reasons: (1) the lower degree of
defection in the structures of com-Nb2O5 compared to m-
Nb2O5/CDC, (2) the significant larger particle size of com-
Nb2O5 (Figure 1G) compared to m-Nb2O5/CDC (Figure 1C),
and (3) the absence of the nanoscopic blending of Nb2O5 with
carbon.
Performance stability was tested at a specific current of 0.1 A/
g (Figure 3F). After 500 galvanostatic charge/discharge cycles,
m-Nb2O5/CDC has maintained 72% of the specific capacity,
while o-Nb2O5/CDC and com-Nb2O5 can maintained 66 and
55%, respectively. This obtained lower cyclic stability of com-
Nb2O5 compared to m-Nb2O5/CDC and o-Nb2O5/CDCmight
be explained by the Coulombic efficiency ranges during the
entire charge/discharge operation at values above 98% for all
samples.
The performance stability of m-Nb2O5/CDC and o-Nb2O5/
CDC is also aided by being virtually zero-strain materials during
lithiation and delithiation. This absence of microstrain translates
also to a zero-macrostrain as revealed by electrochemical
dilatometry (Figure 4). The m-Nb2O5/CDC and o-Nb2O5/
CDC materials display no significant compaction/expansion
during Li+ insertion at the range of 1.3 and 1.9 V vs. Li/Li+. A
slightly larger initial amplitude of strain is seen for m-Nb2O5/
CDC of up to 1%, which increases for continued cycling (Figure
4A). The height change of o-Nb2O5/CDC remains stable at an
amplitude below ±2% (Figure 4B).
Based on the half-cell data from galvanostatic charge−
discharge, it is possible to construct a Ragone plot. While it is
not suitable to compare the half-cell Ragone plot data with
device-normalized performance, it still allows us to obtain a
robust relative comparison between the three types of materials
tested in our work. As seen in Figure 5, the performance of half-
cells of m-Nb2O5/CDC and o-Nb2O5/CDC is very comparable,
while both samples are superior compared with com-Nb2O5. For
example, the m-Nb2O5/CDC exhibits specific energies of 156
and 31 Wh/kg at specific power values of 3 W/kg and 1 kW/kg,
respectively. In comparison, com-Nb2O5 delivers 90 Wh/kg at 5
W/kg and 6 Wh/kg at 1 kW/kg.
4. CONCLUSIONS
Niobium carbide is an attractive precursor for the synthesis of
niobium pentoxide with enhanced electrochemical performance
for use as a LIB anode material. Either by a two-step process of
chlorination followed by oxidation in CO2 or via one-step
chloroxidation, we obtained Nb2O5/CDC hybrid materials with
about 4 mass % of carbon. Carbide-derived o-Nb2O5/CDC and
m-Nb2O5/CDC materials show a maximum capacity of about
300 mAh/g, which significantly exceeds the current state-of-the-
art performance for Nb2O5 of about 200 mAh/g. Based on our
results, we believe that the oxygen deficiency and the stacking
faults in the Nb2O5 structures result in a superior capacity
performance of Nb2O5/CDC as an anode for LIBs. Kinetically,
o-Nb2O5/CDC exhibits slower charge/discharge performance
compared to m-Nb2O5/CDC; the latter affords even 100 mAh/
g at a high rate of 10 A/g. We also show evidence of robust cyclic
stability over 500 cycles, suggesting a highly reversible
lithiation/delithiation process, in alignment with a virtual zero
strain material, as confirmed by electrochemical dilatometry.
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Table S1. Rietveld analysis results of the samples. 












NbC/CDC NbC 𝐹𝑚3̅𝑚 a = 4.5(2) - 89.6(3) 100 
m-Nb2O5/CDC 
Nb2O4.91 P2/m 
a = 20.3(1) 
c = 3.8(2) 
- 1573.8(5) 50.9 
Nb2O5 I4/mmm 
a = 21.2(3) 
b = 3.8(4)  
c = 19.3(2) 
β = 119.8(2) 1359.3(2) 49.1 
o-Nb2O5/CDC Nb2O5 𝑃b𝑎𝑚 
a = 6.2(2) 
b = 29.3(7) 
c =3.93(9) 
- 710.6(3) 100 
com-Nb2O5 
Nb2O4.91 P2/m 
a = 20.3(1) 
c = 3.8(2) 
- 1573.8(1) 40.2 
Nb2O5 I4/mmm 
a = 21.2(1) 
b = 3.8(2)  
c = 19.3(4) 
β = 119.8(2) 1359.3(9) 59.8 
 
 
Table S2. Porosity data obtained from nitrogen gas sorption analysis at -196 °C. 
Sample SSABET 
(m2·g-1) 
Total pore volume 
(cm3·g-1) 
NbC ≤5 0.02 
NbC/CDC 9 0.01 
m-Nb2O5/CDC 19 0.03 
o-Nb2O5/CDC 57 0.04 
 
 
Table S3. Elemental surface composition analysis of com-Nb2O5 by XPS. 
Sample 
XPS 
Nb:O atomic ratio Nb (at%) 




Table S4. Electrochemical performance comparison of different crystal structures of Nb2O5. Not available data from literature references are denoted as “n.a.”. 
CDC: carbide-derived carbon. rGO: reduced graphene oxide. EMC: ethyl methyl carbonate. DEC: diethylene carbonate. PC: propylene carbonate. 
 














T-Nb2O5 orthorhombic 159, 0.2 113, 2 1.0-3.0 n.a. 1 M LiPF6 in EC:DMC [1] 
Yolk-shell 
Nb2O5 
orthorhombic 171, 0.5 127, 10 1.0-3.0 n.a. n.a. [2] 
Nanostructured 
Nb2O5 
pseudohexagonal 152, 0.05 n.a. 
1.0-2.6 
n.a. n.a. 
[3] orthorhombic 189, 0.05 n.a. n.a. n.a. 
monoclinic 242, 0.05 n.a. 96, 100 n.a. 
Nb2O5/carbon 
nanodots 
orthorhombic 385*, 0.1 134, 5 0.01-3.0 n.a. 





amorphous 125, 0.05 50, 0.5 
1.2-3.0 n.a. 1 M LiPF6 in EC:DMC [5] pseudohexagonal 191, 0.05 114, 0.5 
orthorhombic 150, 0.05 75, 0.5 
Nb2O5 hollow 
nanospheres 
hexagonal 200, 0.6 144, 2.5 1.0-3.0 90, 250 1 M LiPF6 in EC:DMC [6] 
Nb2O5 urchins monoclinic 407*, 0.05 n.a. 0.01-3.0 96, 200 1 M LiPF6 in EC:DMC [7] 
Box-implanted 
Nb2O5 nanorods 
orthorhombic 247, 0.04  76, 5 1.1-3.0 92, 200 1 M LiPF6 in EC:DMC [8] 
Nb2O5-nanobelts orthorhombic 225, 0.1 77, 10 1.2-3.0 n.a. 1 M LiClO4 in EC:DMC [9] 
T-Nb2O5a+rGO+ 
CDC 
orthorhombic 100, 0.1  60, 1.5 1.2-3.0 n.a. 1 M LiClO4 in EC:DMC [10] 
Layered Nb2O5 orthorhombic 204, 0.05 125, 1 1.0-3.0 94, 400 1 M LiClO4 in EC:DMC [11] 
Nb2O5/NbO2 
composite 
monoclinic 150, 0.2 50, 5 1.0-3.0 62, 900 1 M LiPF6 in EC:DEC [12] 
Nb2O5-carbon pseudohexagonal 170, 0.05 80, 1 1.2-3.0 70, 300 1 M LiClO4 in PC [13] 
Nb2O5 nanorods orthorhombic 225, 0.225 170, 3.4 1.0-3.0 93, 2500 1 M LiPF6 in EC:DMC [14] 
Nb2O5 nanosheet orthorhombic 200, 0.02 150, 0.4 1.0-3.0 80, 100 1 M LiPF6 in EC:DMC [15] 
o-Nb2O5/CDC orthorhombic 277, 0.01 0.5, 10 1.0-3.0 66, 500 1 M LiPF6 in EC:DMC This work 
m-Nb2O5/CDC monoclinic-tetragonal 297, 0.01 100, 10 1.0-3.0 72, 500 1 M LiPF6 in EC:DMC This work 




Figure S1. Rietveld refinement of the XRD pattern of NbC/CDC. 
 
 









Figure S4. XPS O 1s spectra of m-Nb2O5/CDC (A), o-Nb2O5/CDC (B) and com-Nb2O5 (C). XPS C 1s 










Figure S6. (A, C, E) Cyclic voltammograms of m-Nb2O5/CDC, o-Nb2O5/CDC, and com-Nb2O5, at different 





Figure S7. (A, C, E) Charge plot as a function of 1/scan rate (𝜗−0.5) of m-Nb2O5/CDC, o-Nb2O5/CDC, and 
com-Nb2O5, respectively. (B, D, F) Inverted charge plot as a function of scan rate (𝜗0.5) of m-Nb2O5/CDC, 





Figure S8. SEM image of (A), and the elemental composition mapping by EDX of (B,C) m-Nb2O5/CDC, 
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The study focuses on Ti2Nb10O29/carbon hybrid anode material for LIB applications. The 
Ti2Nb10O29 is a desired electrochemically active material due to its high theoretical capacity of 
about 400 mAh/g. The desired titanium niobium phase possesses the stoichiometric ratio of 
Ti and Nb of 1 to 5. To be able to reach the pure Ti2Nb10O29 phase, the first step of the synthesis 
involves the mechanochemical synthesis of titanium niobium carbide at room temperature by 
the use of elemental titanium, elemental niobium, and carbon; where two different carbon 
sources were chosen to explore the influence on the resulting hybrid material performance. 
The obtained mechanochemically synthesized carbides were converted to Ti2Nb10O29/carbon 
hybrid under CO2 atmosphere, while non-hybrid Ti2Nb10O29 particles were achieved via heat 
treatment under synthetic air. The hybrid Ti2Nb10O29/carbon electrodes show better rate 


























































Titanium Niobium Oxide Ti2Nb10O29/Carbon Hybrid
Electrodes Derived by Mechanochemically Synthesized
Carbide for High-Performance Lithium-Ion Batteries
Öznil Budak,[a, b] Pattarachai Srimuk,[a] Mesut Aslan,[a] Hwirim Shim,[a, b] Lars Borchardt,[c] and
Volker Presser*[a, b]
This work introduces the facile and scalable two-step synthesis
of Ti2Nb10O29 (TNO)/carbon hybrid material as a promising
anode for lithium-ion batteries (LIBs). The first step consisted of
a mechanically induced self-sustaining reaction via ball-milling
at room temperature to produce titanium niobium carbide with
a Ti and Nb stoichiometric ratio of 1 to 5. The second step
involved the oxidation of as-synthesized titanium niobium
carbide to produce TNO. Synthetic air yielded fully oxidized
TNO, while annealing in CO2 resulted in TNO/carbon hybrids.
The electrochemical performance for the hybrid and non-hybrid
electrodes was surveyed in a narrow potential window (1.0–
2.5 V vs. Li/Li+) and a large potential window (0.05–2.5 V vs. Li/
Li+). The best hybrid material displayed a specific capacity of
350 mAhg  1 at a rate of 0.01 Ag  1 (144 mAhg  1 at 1 Ag  1) in
the large potential window regime. The electrochemical
performance of hybrid materials was superior compared to
non-hybrid materials for operation within the large potential
window. Due to the advantage of carbon in hybrid material, the
rate handling was faster than that of the non-hybrid one. The
hybrid materials displayed robust cycling stability and main-
tained ca. 70% of their initial capacities after 500 cycles. In
contrast, only ca. 26% of the initial capacity was maintained
after the first 40 cycles for non-hybrid materials. We also applied
our hybrid material as an anode in a full-cell lithium-ion battery
by coupling it with commercial LiMn2O4.
Introduction
Electrochemical energy storage (EES) has become an integral
part of the large-scale implementation of renewable energy
sources into the power grid, mobile computing/communication,
and the transition of our fleet of internal-combustion-engine
cars towards electric vehicles. One important EES technology,
the lithium-ion battery (LIB; featuring long cycle life, high
energy density, and energy efficiency), capitalizes on the
reversible charge storage intrinsic to lithiation/delithiation.[1]
Recent research focused on developing electrode materials
with high charge-storage capacity, cycling stable, and low
production costs. Among different phases of titanium niobium
oxide,[2] Ti2Nb10O29 (TNO) draws considerable interest as an
anode for LIBs.[3] This is due to the theoretical capacity of TNO
(396 mAhg  1) being comparable to or higher than that of
commercially used lithium-insertion materials such as graphite,
TiO2, and Li4Ti5O12 (LTO).
[4] The enhanced energy-storage
capacity of TNO relates to its multiple redox couples of Ti4+ /3+,
Nb5+ /4+, and Nb4+ /3+.[5]
TNO suffers from a low electronic conductivity of about
5 ·10  9 Scm  1 and a poor rate capability.[5c,6] To overcome this
issue, Takashima et al. demonstrated an enhanced electronic
conductivity of TNO with oxygen deficiencies (8 ·10  6 Scm  1)
when reducing Ti4+ to Ti3+.[6] Alternatively to modifying the
electronic band structure of TNO, one can also employ
conductive carbon in TNO electrodes.[5e,7] Combining neat metal
oxides with carbon may either be accomplished by mechanical
mixing (composite electrodes) or by nanoscopic blending of the
two components (hybrid materials) in the electrode.[7b] The
resulting electrochemical properties strongly depend on the
synthesis approach and resulting carbon distribution. For
example, TNO/reduced graphene oxide composites showed a
specific capacity of 100 mAhg  1 at 1 Ag  1,[8] whereas electro-
spun TNO/carbon hybrid fiber materials showed a specific
capacity of 140 mAhg  1 at a high specific current of 5 Ag  1.[7a]
TNO/carbon composite electrodes prepared with 20 wt%
acetylene black as a conductive additive delivered a specific
capacity of 145 mAhg  1 at 4 Ag  1 (30 °C),[5b] while hybrid
nanosized TNO/carbon onion electrodes delivered a specific
capacity of 170 mAhg  1 at 5 Ag  1.[5e] Recently, Luo et al.
reported that TNO/holey reduced graphene oxide can provide
175 mAhg  1 at 7 Ag  1 (40 °C) while neat TNO can only deliver
120 mAhg  1.[9] Carbon nanofiber/TNO displays fast charge-
[a] Ö. Budak, Dr. P. Srimuk, Dr. M. Aslan, H. Shim, V. Presser
INM – Leibniz Institute for New Materials
66123 Saarbrücken (Germany)
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transfer kinetics with a specific capacity of ca. 200 mAhg  1 at
8 Ag  1 (60 °C),[10] while N-doped TNO/C core-branch arrays
exhibit a specific capacity of about 150 mAhg  1 at a high scan
rate of 15 Ag  1 (100 °C).[11] In addition to those, TNO micro-
spheres coated with N-doped carbon shows a specific capacity
of 200 mAhg  1 at 8 Ag (40 °C), which is 50 mAhg  1 higher
compared to that of neat TNO.[12] Clearly, TNO hybrid materials
can utilize the redox activity of the material better and deliver a
faster charge/discharge rate than non-hybrid materials.[2a]
Previous works have only explored the complex wet-
chemical synthesis of nanosized TNO particles and carbon
hybrid electrodes for lithium-ion batteries (LIBs). Our work
introduces a new two-step synthesis for producing carbide-
derived, nanosized TNO and carbon hybrid materials. The
process involves first a mechanically induced self-sustaining
reaction (MSR) to obtain titanium niobium carbide (TNC) and a
thermal annealing step to convert the material to TNO. The
incomplete oxidation of carbides allows for the controlled
design of metal oxide/carbon hybrids[7c,13] and the adjustment
of crystal structure defects (oxygen vacancies).[14] To the best of
our knowledge, our present work is the first to demonstrate a
mixed metal oxide derived from a mixed metal carbide for
battery applications. As a feature of the carbide-derived oxide
synthesis, it is possible to adjust the titanium-to-niobium molar
ratio of the carbide to a value of 1 :5 so that the resulting mixed
metal oxide phase would be Ti2Nb10O29. The resulting TNO and
carbon hybrid electrodes were tested as an anode material for
LIBs using two different potential windows, namely, a narrow




Titanium niobium carbide (TNC) was synthesized by MSR at room
temperature using niobium powder (99.9%,<65 μm, chemPUR),
titanium powder (325 mesh, abcr), and carbon. Two different types
of carbon sources were used for the synthesis of TNC to evaluate
their impact on the electrochemical performance. One of the
carbons was commercially available carbon black type Super C45
(Timcal Graphite & Carbon), named as CB in this study. We also
used carbon onions (abbreviated as OLC in this study),[15] which
were synthesized by annealing high-purity detonation nanodia-
mond powder (NaBond) at 1300 °C under vacuum.[16] The titanium
powder, niobium powder, and carbon were first mixed with at a Ti/
Nb/C molar ratio of ca. 1 : 5 : 5[17] by using a Turbula shaker mixer for
15 min to acquire a homogenous powder mixture. Ten hard metal
balls (96 wt% WC, 4 wt% Co) with a diameter of 10 mm and a mass
of 7.6 g per ball were mixed with the obtained solid mixture into a
125 mL hard metal vial. Then, the vial was filled with Ar gas (H2O,
O2<1 ppm) for 30 min. We kept the ball-to-powder mass ratio at
15. The vial was placed in one of the holders of the ball-milling
machine (Retsch PM400), and the same mass of the vial was also
put on the opposite side of the vial holders to balance the system.
The ball milling was carried out at a spinning rate of 300 rpm for
6 h by pausing every 15 min to avoid an escalating heat build-up.
The synthesized TNC samples were named based on the carbon
sources. For instance, TNC-OLC was synthesized by using carbon
onions, whereas TNC-CB was produced using carbon black.
Synthesis of Ti2Nb10O29
TNC-CB and TNC-OLC were used as precursors to synthesize
Ti2Nb10O29 (TNO) by using the gas-solid reaction. A quartz crucible
with TNC powder was placed in the isothermal zone of the tube
furnace (VG Scienta GP-CVD), then the furnace was flushed with Ar
gas at a flow rate of 100 cm3min  1 for 2 h to ensure that an inert
gas atmosphere was generated in the furnace before starting the
thermal treatment. After that, the furnace was heated to 900 °C at a
heating rate of 5 °Cmin  1 with an Ar flow rate of 50 cm3min  1. The
Ar atmosphere was chosen to avoid carbon burning during the
heating. To obtain TNO-CB-CO2 and TNO-OLC-CO2, CO2 gas was also
fed to the furnace with a flow rate of 50 cm3min  1 right after
reaching 900 °C; the furnace was then kept at 900 °C for 1 h.
We also studied TNO produced by thermal annealing in synthetic
air instead of CO2. To produce TNO-CB-Air, and TNO-OLC-Air, only
synthetic air was flushed at a flow rate of 50 cm3min  1 during the
holding temperature of 900 °C for 1 h. Afterwards, the sample was
cooled to room temperature naturally using only Ar gas at a flow
rate of 50 cm3min  1.
Material characterization
Scanning electron microscopy (SEM) images were obtained with a
JEOL JSM 7500F field emission scanning electron microscope at an
acceleration voltage of 3 kV. The samples were fixed on a stainless-
steel sample holder by using sticky carbon tape. The chemical
compositions of the samples were quantified by energy-dispersive
X-ray (EDX) spectroscopy with an X-MAX-150 detector (Oxford
Instruments) attached to the SEM chamber. The samples were
placed on a copper tape in the case of EDX analysis. The spectra of
thirty spots were measured with an acceleration voltage of 15 kV
and averaged.
The carbon content was quantified by chemical analysis using a
MICRO Cube (Elementar Analysensysteme GmbH). The latter system
was heated to reach a temperature of +1150 °C at the combustion
tube and +850 °C at the reduction tube.
X-ray powder diffraction (XRD) measurements were conducted with
a D8 Discover diffractometer (Bruker AXS) with CuKα radiation
(wavelength: 0.15406 nm; voltage: 40 kV; current: 40 mA), a Goebel
mirror in point focus (1 mm), and a VANTEC-500 2D detector. The
patterns were recorded at the positioned 2D detector from 17° to
97°2θ with the increment of 20°2θ; the total XRD measurement
time was 60 min. The Rietveld refinement for TNC-CB and TNC-OLC,
and Le Bail fitting analysis of TNO-CB-CO2, TNO-OLC-CO2, TNO-CB-
Air, and TNO-OLC-Air were carried out by using the Bruker AXS
software TOPAS 6.
Raman spectra were recorded with a Renishaw inVia system
equipped with an Nd-YAG laser of 532 nm, an excitation power of
0.5 mW at the surface of the samples, and an objective lens with a
numeric aperture of 0.75. Spectra of 10 points were recorded for
each sample, with 30 s acquisition time for three accumulations in
the range of 100–3200 cm  1. Peak analysis was made by starting
with baseline corrections and assuming Voigt peak profiles for the
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Electrodes were prepared from a slurry of samples (TNO-CB-CO2,
TNO-OLC-CO2, TNO-CB-Air, and TNO-OLC-Air), polyvinylidene
fluoride (PVDF, Alfa Aesar) as a binder, and carbon black (Super
C65, Imerys Graphite & Carbon) as a conductive additive with a
composition of 80 :10 :10 wt%, respectively. After mixing the
required amount of sample and carbon black in a mortar with
isopropanol for 10 min, the mortar was placed in an oven at 60 °C
for 1 h to evaporate the isopropanol from the mixture. The
obtained mixture was added to the prefabricated solution of PVDF
and N-methyl-2-pyrrolidone (NMP, Sigma-Aldrich). The viscosity of
the slurry was adjusted by an excess amount of NMP, and the
resulting slurry was stirred overnight. The obtained slurry was
coated on Cu foil at a wet thickness of 200 μm by using a doctor
blade. The coated electrodes were dried in an oven at 110 °C under
vacuum conditions overnight. The dry electrode sheets were cold
pressed by using a rolling machine (HR01, MTI). The resulting
electrode sheets were cut into a circle shape with a diameter of
10 mm. The average mass loadings of TNO-CB-CO2 and TNO-OLC-
CO2 were 1.5 and 1.7 mgcm
  2, respectively; for TNO-CB-Air and
TNO-OLC-Air the mass loadings were 1.8 and 1.9 mgcm  2,
respectively.
Coin cells (2032-type) were assembled in an Ar-filled glove box (O2,
H2O<1 ppm) using a lithium chip (diameter: 12 mm) as a counter
and reference electrode, 1M lithium hexafluorophosphate (LiPF6) in
an ethylene carbonate (EC) and dimethyl carbonate (DMC) mixture
in the volumetric ratio of 1 : 1-EC/DMC (Sigma-Aldrich) as an
electrolyte, and two pieces of Celgard 2325 (diameter: 18 mm) as
separator. This setup is referred to as half-cell.
All half-cell electrochemical measurements were performed for the
hybrid and non-hybrid materials using two different potential
window ranges, namely, 1.0–2.5 and 0.05–2.5 V vs. Li/Li+ at a scan
rate of 0.05 mVs  1. Galvanostatic charge/discharge with potential
limitation (GCPL) measurements were performed in an Arbin
Battery Cycler by using the specific current range from 0.01 to
10 Ag  1 to examine the rate capability; 0.1 Ag  1 was used to
observe cycling stability. Cyclic voltammetry (CV) results were
carried out with a VMP300 system from Bio-Logic multichannel
potentiostat at scan rates of 0.05–2 mVs  1. The specific capacities
were calculated based on the active material mass of the electrodes
(excluding the mass of polymer binder) for the potential window of
0.05–2.5 V vs. Li/Li+, while the specific capacity of the electro-
chemical results in the potential window of 1.0–2.5 V vs. Li/Li+ was
obtained by excluding the mass of carbon and polymer binder
amount from TNO-CB-CO2 and TNO-OLC-CO2 electrodes. This
capacity calculation method was preferred to obtain more reliable
values due to the possible capacity contributions of carbon at low
voltages.
Electrochemical impedance spectroscopy (EIS) measurements were
carried out by using a VMP300 Bio-Logic multichannel potentiostat
at an applied AC voltage amplitude of 10 mV in the frequency
range of 200 kHz to 10 mHz after 1 h resting of the half-cells.
To better understand the structural changes of the materials at
different lithiation/delithiation states, half-cells were assembled for
each of the materials. The cells were charged/discharged at the
specific current of 0.1 Ag  1 for 10 cycles in the potential range of
0.05–2.5 V vs. Li/Li+. Afterwards, the cells were held at 1.35 and
0.05 V vs. Li/Li+ for lithiation and at 1.35 and 2.5 V vs. Li/Li+ for
delithiation until reaching an equilibrium current. Then the tested
cells were disassembled in an Ar-filled glove box (O2, H2O<1 ppm),
and the electrodes were gently cleaned using DMC. Lastly, post-
mortem XRD measurements were performed on the cycled electro-
des.
LiMn2O4 (LMO,<0.5 μm,>99%, Sigma-Aldrich) was chosen as a
cathode for the full-cell testing. The electrode was prepared by
using LMO, carbon black (Super C65, Imerys Graphite & Carbon),
and PVDF at a ratio of 80 :10 :10 (w/w), respectively. The LMO slurry
preparation was carried out as aforementioned for the electrode
preparation of hybrid and non-hybrid materials, apart that the
slurry was coated on Al foil at a wet thickness of 400 μm. The
average mass loading of the obtained LMO electrode was
11.3 mgcm  2 with a diameter of 12 mm. Before conducting full-cell
experiments, an as-prepared LMO electrode was tested for rate
capability in half-cell configuration using a potential window of
3.0–4.5 V vs. Li/Li+ following the procedures mentioned before.
For further evaluating the performance of the hybrid material (TNO-
OLC-CO2), we assembled full-cells by using custom-built poly-ether
ether ketone cells described in elsewhere.[19] The TNO-OLC-CO2
electrode was employed as a negative electrode (anode), LMO
electrode as a positive electrode (cathode), and metallic lithium
chip as a reference electrode. We used two pieces of Whatman GF/
F glass fiber (diameter: 13 mm) as a separator and 1M LiPF6 in EC/
DMC (1 :1 v/v, Sigma-Aldrich) as the electrolyte. The built full-cell
was cycled at C-rates of 0.1C, 0.2C, 0.5C, 1C, 2C, and 5C in the
potential range of 0.5–4.5 V vs. Li/Li+ to obtain the Ragone plot.
The specific energies of the full cell were calculated by integrating








where I is applied current, U is the time-dependent cell voltage, t is
the time, and m is the mass of both electrodes (TNO-OLC-CO2, and
LMO), separator, and current collectors (total dead-mass: 20.1 mg),
excluding the mass of the polymer binder.
The specific power of the full cell was calculated by dividing the
specific energy by discharging time. The entire mass of the negative
and positive electrodes was used for the calculation of the specific
capacities, specific energies, and specific powers. The obtained full-
cell results were labeled as “TNO-OLC-CO2//LMO”.
Results and Discussion
Materials characterization
The formation of TNC occurs in the Ti-Nb-C system at 1600 °C
(Figure 1A).[17,20] To convert TNC to Ti2Nb10O29, we chose a Ti/Nb
molar ratio of 1 :5. Accordingly, the atomic carbon percentage
was 45% and those of Ti and Nb were 9.2% and 45.8%,
respectively. The phase diagram shows an isothermal cut at
1600 °C and is not directly translatable to mechanochemical
synthesis conditions. Our synthesis employs MSR, which offers a
solvent-free direct reaction route at ambient temperature and
product uniformity.[21] After the MSR of Ti, Nb, and C, we
confirmed the formation of carbides by using X-ray diffraction
(Figure 1B). The diffraction pattern of TNC-CB and TNC-OLC
were analyzed by using Rietveld refinement, assuming that the
occupancy of Nb atoms in the carbide structure is five times
higher than that of Ti atoms (Supporting Information, Table S1).
We identified cubic (Fm�3m) titanium niobium carbide as a main
phase and hexagonal (P�6m2) WC as an impurity phase (less
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use of WC balls. The value of the a-lattice parameter of 4.43 Å
also confirms the presence of Ti within the (Ti,Nb)C lattice; for
comparison, pure NbC would yield an a-constant of 4.45 Å and
pure TiC of 4.32 Å.[17] The associated Ti/Nb ratio would be, based
on the work of Ono and Moriyama, about 1 :5.[17] In comparison
to TNC-CB, TNC-OLC has a similar lattice parameter and cell
volume; however, the domain size of TNC-CB (20 nm) is slightly
larger than that of TNC-OLC (15 nm). The SEM images of TNC-
CB and TNC-OLC display irregular particles and agglomerates
(Figure 1C and D). SEM images of CB and OLC are provided in
the Supporting Information (Figure S1A and B).
For both TNC-CB and TNC-OLC, a Ti/Nb ratio of 1 : 5 was
chosen to obtain pure Ti2Nb10O29 as the final product. The
synthesis of TNO samples was carried out using two different
atmospheric conditions: synthetic air and CO2. Synthetic air was
used to produce the non-hybrid materials (TNO-CB-Air, TNO-
OLC-Air). This was accomplished by the complete volatilization
of residual carbon from the carbide precursors and the full
conversion of the carbide to oxide. The CO2 atmosphere
allowed, via the Boudouard reaction, the preservation of some
carbon from the carbide precursor, which has a dramatic
influence on the electrochemical performance of the hybrid
materials (TNO-CB-CO2, and TNO-OLC-CO2). To enable a better
understanding of TNO formation by the CO2 oxidation method,
thermogravimetric analysis coupled with mass spectroscopy
(TGA-MS) was conducted under the same synthesis conditions
of the hybrid materials (Supporting Information, Figure S2).
During heating under only Ar, CO was detected at around
800 °C for both hybrid material syntheses. Until reaching the
synthesis holding temperature of 900 °C, the mass loss was
higher for the TNO-CB-CO2 synthesis (3.6%) than that of TNO-
OLC-CO2 synthesis (1.2%). While the heating process was
performed under inert gas, the CO outgassing and the mass
loss can only be explained by oxidation of free carbon caused
by the possible surface functional groups of the free carbon.
After the start of the holding temperature 900 °C under the gas
mixture of Ar and CO2, the mass change showed an observable
increase of CO outgassing, which is in good agreement with the
Boudouard reaction [Eq. (2)].
CO2 þ CÐ 2 CO (2)
As a parallel reaction to the Boudouard reaction, the
transformation of carbide to TNO might be described by
Equation (3):
2 TiNb5Cx þ 15 CO2 ! Ti2Nb10O29 þ ð14þ 2 xÞCþ CO (3)
As a result, the synthesis in a CO2-containing atmosphere
yielded a hybrid material (TNO-CB-CO2, TNO-OLC-CO2). The
obtained hybrid and non-hybrid materials display a Ti/Nb ratio
of 1 : 5, with the hybrid materials TNO-CB-CO2 and TNO-OLC-CO2
having a carbon content of 1.2 wt% and 6.4 wt%, respectively
(Table 1). The carbon-content difference in the hybrid materials
Figure 1. (A) Ternary phase diagram of Ti-Nb-C at 1600 °C (adapted from Ref. [17]). The red star marks the chemical composition used for the carbide synthesis
in this work. “ss” stands for a solid solution. (B) XRD pattern of the titanium niobium carbide samples and the matched Bragg positions. SEM images of (C)
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can be explained by the difference in morphology difference
between the TNC-CB and TNC-OLC precursors. The smaller grain
size and less degree of agglomeration of TNC-OLC compared to
TNC-CB might lead to different reaction kinetics for Equa-
tions (2) and (3), resulting in a higher amount of carbon for
TNO-OLC-CO2. Hence, the electrochemical performance of TNO-
OLC-CO2 could be better than that of TNO-CB-CO2, as will be
discussed later.
The resulting nanomaterial after CO2 oxidation of titanium
niobium carbide at 900 °C, TNO-OLC-CO2, exhibits an agglom-
erated morphology (Figure 2B). Also, non-hybrid samples TNO-
CB-Air and TNO-OLC-Air, and hybrid TNO-CB-CO2 sample show
particles with an irregular agglomerated morphology (Fig-
ure 2A, and Supporting Information, Figure S3). The crystal
structure characterization of TNO samples was further per-
formed by Le Bail fitting of X-ray diffractograms (Supporting
Information, Table S2). The Le Bail fitting method was chosen
since the obtained patterns exhibit only monoclinic (A12/m1)
dititanium decaniobium oxide (Ti2Nb10O29, PDF 40-0039; Wads-
ley-Roth shear structure)[22] with characteristic Bragg reflections
at 23.8°, 25.0°, and 32.1 2θ (Figure 2C). The TNO-CB-CO2 and
TNO-CB-Air samples show an average domain size of about
55 nm, whereas the domain size of TNO-OLC-CO2 and TNO-
OLC-Air samples were slightly larger (63 and 88 m, respectively;
Supporting Information, Table S2). This can be explained by
possible different surface reactivity resulting from different
domain sizes of the TNC-CB and TNC-OLC precursors.
The Raman spectra of TNO-CB-CO2, TNO-OLC-CO2, TNO-CB-
Air, and TNO-OLC-Air are in alignment with the X-ray diffraction
results and confirm the presence of Ti2Nb10O29 (Figure 2D). The
Raman bands located at 543, 648, 894, and 1000 cm  1
correspond to corner- and edge-shared TiO6 octahedra and
corner- and edge-shared NbO6 octahedra, respectively.
[23] Apart
from TNO-CB-Air and TNO-OLC-Air, all hybrid materials show
the characteristic peaks of incomplete graphitic sp2-hybridized
carbon, namely, the D mode and the G mode at around 1358
and 1600 cm  1, respectively.[24] As seen in Table 2, the full-width
at half-maximum (FWHM) of the carbon-related G mode and
the ID/IG ratio of TNO-CB-CO2 and TNO-OLC-CO2 are similar,
namely, 73 and 70 cm  1 and 2.6 and 2.7, respectively. However,
Table 1. Elemental composition analysis by energy-dispersive X-ray spectroscopy attached to a scanning electron microscope (SEM-EDX) and carbon
content measured by elemental analysis.
Sample SEM-EDX Elemental
Ti [at%] Nb [at%] O [at%] C [wt%]
TNO-CB-CO2 3.8�0.6 19.6�1.5 67.4�3.5 1.2�0.1
TNO-OLC-CO2 3.6�1.2 18.9�5.3 60.8�6.2 6.4�0.1
TNO-CB-Air 4.0�1.0 21.7�5.0 73.1�6.8 0.1�0.1
TNO-OLC-Air 3.7�0.6 19.2�2.9 76.6�3.5 0.1�0.1
Figure 2. Material characterization of the TNO-carbon hybrid materials, carbon onions (OLC) and carbon black (CB). SEM images of (A) TNO-CB-CO2 and (B)
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the FWHM of the D mode of TNO-CB-CO2 (154 cm
  1) and TNO-
OLC-CO2 (167 cm
  1) are slightly different. Due to the fact that
the D mode corresponds to the breathing mode of sp2-
hybridized carbon rings and is active in the presence of defects,
TNO-CB-CO2 may exhibit a slightly higher degree of graphitic
ordering compared to TNO-OLC-CO2. We suspect that the
higher degree of graphitic carbon could lead to better rate
capability of the materials, but the distribution of the carbon
phase is also of vital importance for the electrochemical
performance. Hence, we will discuss the influence of different
carbon precursors based on electrochemical performance later.
Electrochemical analysis
The electrochemical performance of the as-synthesized materi-
als was tested by using two different operational potential
windows: the typical potential range of 1.0–2.5 V vs. Li/Li+,
which most previous works have explored, and additionally
within a widened range of 0.05–2.5 V vs. Li/Li+. The latter was
included to further study TNO as an anode material and to
specifically address performance stability.
First, the non-hybrid (TNO-CB-Air and TNO-OLC-Air) and
hybrid materials (TNO-CB-CO2, and TNO-OLC-CO2) were anodi-
cally scanned from open-circuit potential to 1.0 V vs. Li/Li+
using CV. Figure 3 shows that there are multiple redox couples
during lithium intercalation into the TNO structure. The peak at
1.8–1.9 V vs. Li/Li+ indicates the redox couple of Ti4+/Ti3+,
Table 2. Raman spectra peak analysis of the carbon D and G modes.
Sample Mode Position [cm  1] FWHM [cm  1] ID/IG
CB D mode 1351�2 128�6 2.5�0.3
G mode 1598�1 76�2
TNC-CB D mode 1365�4 210�9 2.4�0.5
G mode 1604�3 101�6
TNO-CB-CO2 D mode 1363�3 154�8 2.6�0.5
G mode 1607�2 73�3
OLC D mode 1347�2 160�4 3.3�0.4
G mode 1604�2 84�2
TNC-OLC D mode 1374�7 199�9 1.3�0.2
G mode 1583�9 130�9
TNO-OLC-CO2 D mode 1347�6 167�4 2.7�0.5
G mode 1604�1 70�4
Figure 3. CVs at a scan rate of 0.05 mVs  1 of the first cycle (A,C) and the 10th cycle (B,D) of the samples for the potential window of 1.0–2.5 V vs. Li/Li+ (A,B)
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whereas the sharp peak at 1.4–1.6 V vs. Li/Li+ represents the
Nb5+/Nb4+ transition. We also observed a broad peak at around
1.0–1.1 V vs. Li/Li+, suggesting another redox couple of Nb
(Nb4+/Nb3+).[25] When the electrode was cathodically scanned
from 1.0 to 2.5 V vs. Li/Li+, we see three redox peaks that
indicate the delithiation process. The 10th CV cycle is shown in
Figure 3B. For all four electrodes, the CV areas are almost
identical for TNO-CB-CO2, TNO-OLC-CO2, TNO-CB-Air, and TNO-
OLC-Air. This observation indicates that there is no significant
change in the specific capacity. In good agreement with the
galvanostatic charge/discharge results (Supporting Information,
Figure S4A), TNO-CB-CO2, TNO-CB-Air, and TNO-OLC-Air exhibit
a specific capacity of ca. 275 mAhg  1 at a specific current of
0.01 Ag  1. Compared to the other materials, TNO-OLC-CO2
delivers a slightly lower capacity (250 mAhg  1). Considering a
theoretical capacity of Ti2Nb10O29 is 396 mAhg
  1 (22 Li+ per unit
formula), our materials deliver only 70% of the theoretical value
within the potential of 1.0–2.5 V vs. Li/Li+. Possibly, the opera-
tional potential of 1.0–2.5 V vs. Li/Li+ does not allow the full
insertion/de-insertion of lithium. Thus, we also explored an
extended potential regime to further quantify the maximum
lithium storage capacity and life cycle of the TNO.
To understand the improved rate capability, a kinetics
analysis (b-value) was applied by using the peak current
obtained from CVs at different scan rates (Supporting Informa-
tion, Figure S5). The data was fitted using Equation (4):
i ¼ a#b (4)
where a and b are fitting variables. For a b-value of 0.5, a
process would be limited by diffusion, whereas a b-value of 1 is
typical for a surface-controlled mechanism.[26] At the potential
range of 1.0–2.5 V vs. Li/Li+, the analyzed data indicate that the
lithiation/delithiation process is diffusion controlled (Supporting
Information, Figure S5).
The cycling stability was also tested at 0.1 Ag  1, and the
results are shown in the Supporting Information, Figure S4B.
The non-hybrid materials, TNO-CB-Air and TNO-OLC-Air, have
an initial capacity of 203 and 238 mAhg  1, while the initial
capacity values are 217 and 225 mAhg  1 for TNO-CB-CO2 and
TNO-OLC-CO2 hybrid materials, respectively. Compared to
hybrids, the performance decays faster for the non-hybrid
materials during the first 50–100 charge/discharge cycles,
remaining at a rather constant performance level thereafter. For
example, the capacity loss after 150 cycles of hybrid TNO-CB-
CO2 is only 7.2% whereas the loss in initial capacity for the non-
hybrid TNO-CB-Air is more than two times as high (16.0%).
Specifically, TNO-CB-Air and TNO-OLC-Air have a 29.2% and
29.4% capacity decrease after 500 cycles, while TNO-CB-CO2
and TNO-OLC-CO2 only lose 20.6% and 24.9%, respectively, of
their initial capacities after 500 cycles. The better cycling
performance of the hybrid material may result from the better
charge percolation/conductivity via carbon in the hybrid
materials; carbon might also protect the active material from
deterioration of the electrochemical properties.[5d,27] The rate
capability results within the narrow operating potential range
did not indicate universally superior charge percolation of the
hybrid materials; therefore, the lower cycling stability of non-
hybrid TNO may be caused by the dynamic volume change
during the charge/discharge process.[5a]
CVs of carbon-hybrid TNO materials (TNO-CB-CO2, TNO-OLC-
CO2) performed within the wider potential window of 0.05–
2.5 V vs. Li/Li+ (Figure 3C and D) show a different behavior
compared to the non-hybrid materials (TNO-CB-Air, TNO-OLC-
Air). In the first cycle, three reduction peaks between 0.8 and
2.1 V vs. Li/Li+ indicate the transitions of Ti4+/Ti3+, Nb5+/Nb4+,
and Nb4+/Nb3+ (Figure 3C). When scanning to lower potentials,
we observed a peak at 0.7 V vs. Li/Li+, which could be related to
the SEI (solid-electrolyte interface) formation. During the
cathodic scan, the oxidation peak at 1.1 V vs. Li/Li+ is much
more pronounced compared to the potential range 1.0–2.5 V
vs. Li/Li+. This means that when applying a potential lower than
1.0 V vs. Li/Li+, it might trigger full lithium intercalation into the
TNO structure, especially for the redox couple of Nb4+/Nb3+.
Subsequently, the electrochemical behavior completely
changes in the 10th cycle (Figure 3D). Hybrid materials (TNO-CB-
CO2 and TNO-OLC-CO2) can maintain the peak at 1.9 V vs. Li/Li
+
(Ti4+/Ti3+), 1.6 V vs. Li/Li+ (Nb5+/Nb4+), and 1.1 V vs. Li/Li+ (Nb4+
/Nb3+) while the non-hybrid materials (TNO-CB-Air, and TNO-
OLC-Air) lose the activity of Ti4+/Ti3+ and Nb5+/Nb4+.
The galvanostatic charge/discharge cycling was carried out
for a potential range of 0.05–2.5 V vs. Li/Li+, as shown in
Figure 4A. Except for TNO-CB-CO2, all samples exhibit an initial
capacity of about 350 mAhg  1. The latter value corresponds to
88% of the theoretical capacity of TNO. These high values are,
to the best of our knowledge, the highest ones obtained for
Ti2Nb10O29/carbon materials (either composite or hybrid), as
shown in Supporting Information, Table S3. The only higher
value was reported for another type of TNO, namely TiNb2O7/C
nanoporous microspheres (393 mAhg  1 at 0.1 Ag  1).[28]
Some differences can be seen between the hybrid and non-
hybrid materials for continuous cycling. Specifically, the non-
hybrid materials (TNO-CB-Air and TNO-OLC-Air) show a more
rapid loss of capacity, while the performance of hybrid samples
is more stable within each specific current level. The hybrid
materials (TNO-CB-CO2, TNO-OLC-CO2) can still provide ca.
150 mAhg  1 at a high specific current of 1 Ag  1. This might be
explained by the delithiation at 1.1 and 1.7 V vs. Li/Li+ changing
to more surface-controlled reactions for the hybrid materials (b-
value: 0.7) in comparison to the non-hybrid materials (b-value:
0.6)as revealed by kinetics analysis (Supporting Information,
Figure S6). In addition, the amount of conductive carbon in the
electrodes and a uniform carbon distribution to generate an
electron conduction path will affect the rate handling ability.[29]
Therefore, the better rate capability of TNO-OLC-CO2 compared
to TNO-CB-CO2 might be correlated with the higher amount of
carbon and better carbon distribution (Table 1, and Supporting
Information, Figure S7).
To further understand the better rate capability of hybrid
materials than that of non-hybrid materials, EIS of the half-cells
was performed, and the corresponding Nyquist plot is shown in
the Supporting Information, Figure S8, with the equivalent
circuit being shown as an inset (R1+ (Q/(R2+W))+C). The
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and one linear regime. These features are indicative of a
charge-transfer element and a mass-transport element. In the
equivalent circuit, R1, R2, Q, W, and C stand for electrolyte and
cell component resistance, charge-transfer resistance, constant
phase element, the Warburg impedance, and constant phase
element based on an ideal capacitor, respectively. The fitted
charge-transfer resistance values of the hybrids TNO-CB-CO2
and TNO-OLC-CO2 are 168.8 Ω and 138.7 Ω, respectively, which
are significantly lower than the charge-transfer resistance of the
non-hybrid materials TNO-CB-Air and TNO-OLC-Air (Supporting
Information, Table S4). The lower charge-transfer resistance
indicates faster charge-transfer kinetics in the hybrid materials
due to improved electronic conductivity. Also, the higher
carbon content in TNO-OLC-CO2 compared to TNO-CB-CO2 may
align with both a lower charge-transfer resistance and an
improved rate capability.
When returning to a low rate (0.01 Ag  1) after 45 cycles,
hybrid materials can largely recover their initial capacities while
non-hybrid materials can only provide ca. 44% of their initial
capacities. The cycling stability of the samples within the
potential window of 0.05–2.5 V vs. Li/Li+ is depicted in Fig-
ure 4B. In this enlarged potential window, the cycling stabilities
of the hybrid and non-hybrid materials show a significant
difference. The initial capacities of the hybrid material (TNO-
OLC-CO2) and non-hybrid materials (TNO-CB-Air and TNO-OLC-
Air) are very similar at a level of about 300 mAhg  1. In contrast,
the hybrid electrode (TNO-CB-CO2) exhibits a specific capacity
of ca. 250 mAhg  1. The hybrid materials, TNO-CB-CO2 and TNO-
OLC-CO2, preserve 70% and 67%, respectively, of their initial
capacities after 500 cycles. For comparison, the non-hybrid
materials retain only 27% of their initial capacities after the first
50 cycles.
To further understand why the hybrid materials outperform
their non-hybrid counterparts, we conducted half-cell experi-
ments of all samples by holding them at certain voltages for
different lithiation/delithiation states after the first 10 cycles for
the potential window of 0.05–2.5 V vs. Li/Li+. After the cells
reached an equilibrium current, the cells were disassembled; we
used X-ray diffraction to analyze the structural changes of TNO
(Figure 4C and D). While the Bragg reflections (011) and (21-5)
in the lithiated state at 1.35 V vs. Li/Li+ of TNO-CB-CO2 shift to
lower angles, differences become more visible after reaching
the fully lithiated state at 0.05 V vs. Li/Li+ (Figure 4C). Further,
the Bragg reflections of (011) and (21  5) proceed to shift
towards larger d spacings (lower angles), and the new
reflections at ca. 21.8°2θ, and 30.5°2θ appears when reaching
the fully lithiated state. These data suggest that as TNO is fully
lithiated, a new crystal phase emerges.[5a] For TNO-OLC-CO2, the
new phase reflections become visible even for the lithiation
state of 1.35 V vs. Li/Li+ at 22.6° and 30.7°2θ (namely: TNO-OLC-
CO2 Li@1.35 V), then they move to lower angles 21.8° and
30.5°2θ after reaching the full lithiation state at 0.05 V vs. Li/Li+
(Figure 4D). In both hybrid materials, two phases coexist after
reaching the full lithiation state at 0.05 V vs. Li/Li+.[5a] At the
deepest lithiation state (0.05 V vs. Li/Li+), TNO-CB-CO2 exhibits
broader and higher intensity reflections for the aforementioned
new phase positions (ca. 21.8° and 30.5°2θ) than that of TNO-
OLC-CO2. We suspect that the higher amount of carbon in the
Figure 4. (A) Rate capability of the hybrid and non-hybrid materials in the potential window of 0.05–2.5 V vs. Li/Li+. (B) Cycling stability of the hybrid and non-
hybrid materials in the potential window of 0.05–2.5 V vs. Li/Li+ at a specific current of 0.1 Ag  1>. XRD patterns of (C) TNO-CB-CO2 and (D) TNO-OLC-CO2
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TNO-OLC-CO2 than that of TNO-CB-CO2 (Table 1) might suppress
a volume change as well as an anisotropic lattice change. The
reflections of the hybrid materials regain their initial Bragg
positions after returning to the fully delithiated state at 2.5 V vs.
Li/Li+ (Figure 4C and D). In contrast, the X-ray diffractograms of
the non-hybrid materials at different lithiation and delithiation
states show neither new reflections nor significant shifting of
the reflections (Supporting Information, Figure S9).
A possible explanation for the observed electrochemical
degradation may be the formation of microcracks as a result of
unit-cell expansion during deep lithiation at the potential of
0.05 V vs. Li/Li+.[30] This process may be suppressed for the
hybrid material because of the nanoscopic level blending of
active material and conductive carbon.[31] Although this explan-
ation is in alignment with the literature and the observed
electrochemical performance, further work is needed to verify
this degradation mechanism for our materials.
To demonstrate our hybrid material as the anode in a full-
cell lithium-ion battery, we paired our anodes with a commer-
cially available LiMn2O4 (LMO) cathode (Figure 5). The charge/
mass balance of the cell was based on the specific capacity of
both anode and cathode. After careful analysis of the half-cell
data, the mass ratio between anode and cathode was 0.3 for
the full-cell measurement. We used a C rate of 0.1C in a cell
voltage range of 0.5–4.5 V (Figure 5A). The voltage profile of the
positive electrode displays a lithiation/delithiation plateau at
4.0 V vs. Li/Li+, which is attributed to the Mn3+/Mn4+ redox
couple.[32] The voltage profile of TNO-OLC-CO2 exhibits three
different slopes at around 1.9, 1.7, and 1.1 V vs. Li/Li+, which
agree with the CVs shown in Figure 3C and D. The calculated
energy efficiency from the voltage profile of the cell is 64% at
0.1C. The full-cell results of TNO-OLC-CO2//LMO are compared
with full-cell results of graphite and LTO coupled with LMO in a
Ragone plot (Figure 5B).
At a low C rate of 0.1C, the TNO-OLC-CO2//LMO full-cell
delivers a maximum energy of 83 Whkg  1, which is lower than
the highest specific energy of graphite, whereas LTO can only
provide 98 Whkg  1, and 44 Whkg  1, respectively. However,
these preliminary results can be further optimized by eliminat-
ing the dead mass. In our results, without considering the
package mass, only 42% is the active mass; hence, by
decreasing the mass of the current collector, the performance
of this cell could increase significantly. As noted, the specific
power of TNO-OLC-CO2//LMO (64.8 Wkg
  1) is lower than that of
graphite and LTO (161 and 1.8 kWkg  1, respectively). This
poorer power performance of the TNO-OLC-CO2//LMO full cell
might be explained by the reduced rate capability of commer-
cial LMO (Supporting Information, Figure S10).
Conclusions
We present a facile two-step synthesis method for carbide-
derived electrode materials for lithium-ion battery (LIB) applica-
tions based on Ti2Nb10O29 (TNO) and carbon. The prepared TNO
hybrid and non-hybrid electrodes were tested in two different
potential windows: a narrow range (1.0–2.5 V vs. Li/Li+) and a
wide range (0.05–2.5 V vs. Li/Li+). While the performance of the
hybrid and non-hybrid electrodes for the narrow potential
window show no significant differences, hybrid electrodes
exhibit superior performance compared to the non-hybrid
electrodes for the wider potential window. X-ray diffraction
analysis of the electrodes held at certain lithiation/delithiation
states after 10 cycles for the large potential window revealed
that hybrid electrodes have a two-phase region after reaching
the fully lithiated state while non-hybrid electrodes show no
significant structural change. The initial capacities of all electro-
des are similar (ca. 350 mAhg  1), but there is a faster electro-
chemical performance decay of non-hybrid materials.
Figure 5. (A) Voltage profile of the full cell with TNO-OLC-CO2 as negative electrode and LMO as positive electrode at 0.1C. The potentials are plotted as cell
voltage and as the corresponding electrode potentials. (B) Ragone plot of the TNO-OLC-CO2//LMO full cell, graphite//LMO (adapted from Ref. [33]) and LTO//
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Results from Rietveld refinement analysis, Le Bail analysis,
scanning electron micrographs, X-ray diffractograms, illustra-
tions of crystal structures, electrochemical results.
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chemical carbide synthesis and sub-
sequent thermal annealing yields
unique nanohybrids of titanium
niobium oxide and carbon. Capitaliz-
ing on the enhanced charge
transport afforded by carbon and the
lithium-ion intercalation of the metal
oxide, the best hybrid material
displayed a specific capacity of
350 mAhg  1 at a rate of 0.01 Ag  1
(144 mAhg  1 at 1 Ag  1) within a
potential range of 0.05–2.5 V vs. Li/
Li+.
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S-2 
Table S1. Rietveld refinement results of TNC-CB and TNC-OLC. 













(Ti,Nb)C 𝐹𝑚3̅𝑚 a = 4.43(4) 87.09(4) 19.7(4) 98 
2.3 
WC 𝑃6̅𝑚2 
a = 2.90(3) 
c = 2.85(3) 
20.82(3) 9995.4(3) 2 
TNC-OLC 
(Ti,Nb)C 𝐹𝑚3̅𝑚 a = 4.43(4) 88.12(4) 15.3(4) 98 
2.5 
WC 𝑃6̅𝑚2 
a = 2.90(6) 
c = 2.85(6) 
20.76(6) 9999.9(6) 2 
 
 
Table S2. Le Bail analysis results of the analysis of X-ray diffraction patterns of TNO-CB-CO2, TNO-
OLC-CO2, TNO-CB-Air, and TNO-OLC-Air. 













TNO-CB-CO2 Ti2Nb10O29 A12/m1 
a = 15.64 
b = 3.82 
c = 20.52 
β = 113.4 1124.1 55 3.4 
TNO-OLC-CO2 Ti2Nb10O29 A12/m1 
a = 15.62 
b = 3.81 
c = 20.52 
β = 113.4 1122.4 63 3.7 
TNO-CB-Air Ti2Nb10O29 A12/m1 
a = 15.71 
b = 3.85 
c = 20.61 
β = 113.4 1145.3 56 3.5 
TNO-OLC-Air Ti2Nb10O29 A12/m1 
a = 15.71 
b = 3.85 
c = 20.62 
β = 113.4 1146.0 88 3.6 
S-3 
Table S3. Electrochemical performance comparison of titanium niobium oxides (TiNb2O7, and Ti2Nb10O29). CNTs: carbon nanotubes. CF: carbon fiber. rGO: reduced 
graphene oxide. CNFs: carbon nanofibers. CC: carbon cloth. DEC: diethylene carbonate. EMC: ethyl methyl carbonate. PC: propylene carbonate. MSR: 




a low rate 
(mAh/g, A/g) 
Capacity at 


















300, 0.03 150, 4.5 0.8-3.0 97, 100 














225, 0.23 25, 2.5 1.0-3.0 61, 500 1 M LiPF6 in EC:EMC 5 




250, 0.03 100, 1 1.0-2.5 77, 50 1 M LiPF6 in EC:DMC 7 
Ti2Nb10O29/carbon onion 
nanohybrid 
Sol-gel method 290, 0.01 169, 2 1.0-2.8 76, 800 1 M LiPF6 in EC:DMC 8 
Ti2Nb10O29/carbon hybrid 
fiber 




276, 0.27 215, 6.4 1.0-2.5 89, 200 







300, 0.03 200, 12 1.0-2.5 80, 1000 1 M LiPF6 in EC:DEC 11 
TNO-CB-CO2 MSR, CO2 oxidation 
272, 0.01 157, 1 1.0-2.5 82, 500 
1 M LiPF6 in EC:DMC This work 
304, 0.01 155, 1 0.05-2.5 70, 500 
TNO-OLC-CO2 MSR, CO2 oxidation 
253, 0.01 151, 1 1.0-2.5 76, 500 
1 M LiPF6 in EC:DMC This work 
350, 0.01 144, 1 0.05-2.5 67, 500 
S-4 
Table S4. Results of the R1, and R2 obtained by fitting the data from Fig. S8. 
Material R1 (Ω) R2(Ω) 
TNO-CB-CO2 16.2 168.8 
TNO-OLC-CO2 12.7 138.7 
TNO-CB-Air 28.2 234.4 










Fig. S2. Thermograms of (A) TNO-CB-CO2, and (B) TNO-OLC-CO2 synthesis following the synthesis 
protocol of hybrid materials. The corresponding mass spectra of TGA-MS measurements 








Fig. S4. (A) Rate handling performance of the hybrid and non-hybrid materials in the potential 
window of 1.0-2.5 V vs. Li/Li+. (B) Cyclic stability performance of the hybrid and non-hybrid 




Fig. S5. Kinetic analysis of (A) TNO-CB-CO2, (B) TNO-OLC-CO2, (C) TNO-CB-Air, and (D) TNO-OLC-
Air calculated from cyclic voltammograms at the different scan rates for the potential 




Fig. S6. Kinetic analysis of (A) TNO-CB-CO2, (B) TNO-OLC-CO2, (C) TNO-CB-Air, and (D) TNO-OLC-
Air calculated from cyclic voltammograms at the different scan rates for the potential 




Fig. S7. (A-C) Analysis of the TNO-CB-CO2 electrode: (A) Scanning electron micrographs, and (B-C) 
elemental mapping by EDX. (D-F) Analysis of the TNO-OLC-CO2 electrode: (D) Scanning 




Fig. S8. Nyquist plot of hybrid and non-hybrid materials. The inset displays the equivalent circuit 




Fig. S9. X-ray diffraction patterns of (A) TNO-CB-Air, and (B) TNO-OLC-Air electrodes at the 




Fig. S10. (A) X-ray diffractogram of LiMn2O4 (LMO) with the reported Bragg positions from PDF 70-
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6. Summary, conclusions and outlook 
New synthetic approaches for hybrid materials were developed to improve the performance 
of lithium-ion batteries. My work revealed that the bi-phase transformation of the metal 
carbides to the metal oxide/carbon hybrid via chloroxidation as a novel synthesis approach or 
even CO2 oxidation enlightens the way of achieving advanced electrode materials for LIB 
energy storage applications. The most dominant synthesis for hybrid materials is based on 
wet-chemical syntheses, such as the sol-gel method, which provides good control of the 
particle size. However, it requires a controllable environment for the reproducibility point of 
view due to the precursors are highly sensitive to the environmental conditions. In addition, 
the sol-gel process requires thermal treatment or calcination process to form a high crystal 
for hosting lithium-ion in their structure. This makes the cost of materials even higher as it has 
a low yield compared to a simple solid-state reaction. 
To obtain hybrid materials for the anode of LIBs, this thesis deals with the new approach solid-
state reaction using metal carbides as precursors. Hence, this process brings many advantages: 
• There is a various choice of materials as a precursor that results in metal oxide-carbon 
hybrid materials, which can be accomplished via the new synthesis approach, 
choloroxidation. 
• Ternary metal carbide leads to ternary oxide-carbon hybrid materials, which can be 
easily controlled by variation of the atomic ratio of metal in carbides and accomplished 
via mechanochemical synthesis of ternary carbide at room temperature. 
• Unlike traditional solid-state reaction that usually result in larger particles, the so-
called chloroxidation provides much smaller particles and, thus, better electrochemical 
performance. 
Following the as-mentioned advantages, three different metal oxide-carbon hybrid materials 
were explored, including V2O3, Nb2O5, and Ti2Nb10O29. Three of these materials are derived 
from simple carbides (i.e., VC, NbC, and (Ti,Nb)C). 
In chapter 5.1, V2O3/carbon hybrid material was synthesized via one thermal treatment step, 
so-called chloroxidation, where decomposition of hydrated metal chloride salt leads to the in 
situ generation of Cl2 gas and oxidative atmosphere under atmospheric pressure conditions. 
The obtained material involves metallic Ni, which can easily be removed from the sample via 
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the acid washing process. This unique synthesis results in hybrid material with V2O3 as a core 
and nanoporous carbon as a shell. Compared with the V2O3 composite electrode, the 
optimized hybrid V2O3/carbon electrode showed superior electrochemical performance, such 
as a specific capacity of 120 mAh/g at 2.5 A/g (5.2C, charging/discharging in 2.9 min). In 
addition to that, the unique carbon in the hybrid V2O3/carbon electrode yielded capacity 
increase cycle by cycle, according to the post mortem results of the cycled electrodes. 
In chapter 5.2, two different syntheses were used to obtain two different crystallographic 
phases of Nb2O5/carbon hybrid materials. The first synthesis was accomplished via 
choloroxidation of NbC, resulting in an orthorhombic Nb2O5/carbon hybrid material. The 
second synthesis involved two thermal treatment steps: first, the partial conversion of NbC to 
NbC/carbon core/shell by chlorine treatment, and second, conversion of NbC/carbon to 
Nb2O5/carbon hybrid material via CO2 gas. These two-thermal treatment steps result in a 
mixture of tetragonal and monoclinic phases containing the Nb2O5/carbon hybrid material. 
The obtained hybrid materials exhibited a specific capacity of 300 mAh/g, which exceeds the 
current state-of-art performance of Nb2O5 of about 200 mAh/g. The outstanding performance 
of Nb2O5/carbon hybrid materials was explained by oxygen deficiency and/or stacking faults 
in the Nb2O5 structures. Furthermore, the composite counterpart of the mixed-phase 
involving Nb2O5/carbon hybrid showed a specific capacity of 100 mAh/g at 10 A/g (25C, 
charging/discharging in 0.6 min) and robust reversible cyclic stability. 
In chapter 5.3, Ti2Nb10O29 was chosen for hybrid electrode synthesis due to its high theoretical 
capacity for LIB applications. To be able to accomplish a pure Ti2Nb10O29 phase in the 
Ti2Nb10O29/carbon hybrid electrode, the carbide precursor was obtained by using a 
mechanically induced self-sustaining reaction (MSR) via ball-milling at room temperature with 
a stoichiometric ratio of Ti and Nb of 1 to 5, and two different carbon sources (carbon black, 
and onion-like carbon). Then, the obtained titanium carbides were converted to hybrid 
Ti2Nb10O29/carbon using thermal treatment under CO2 and Ar gases mixture, and non-hybrid 
Ti2Nb10O29 by thermal oxidation via synthetic air. For the large voltage window (0.05 – 1.0 V 
vs. Li/Li+) applications, hybrid Ti2Nb10O29/carbon provides robust cyclic stability and maintain 
70% of its initial specific capacity after 500 cycles, where the hybrid’s counterpart non-hybrid 
Ti2Nb10O29 losses 74% of its initial capacity even only after first 40 cycles.  
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When looking forward based on the finding of these works, we can see that hybrid materials 
have superior electrochemical performance in many aspects. First, the carbon in hybrid 
materials improves the electronic conductivity resulting in lower impedance at the 
interparticle compared to the traditional composite electrode. As seen from chapter 5.1 to 
5.3, hybrid materials exhibit much faster charge/discharge performance than that of 
composite ones. Second, having carbon on the surface of metal oxide particle mitigate volume 
expansion and contraction during lithiation and delithiation process. As a result, we have 
observed throughout the work that hybrid materials show a robust cyclic performance. Finally, 
the synthesis method reported in this dissertation is by far very new and easy for large scale 
production. Naturally, the research trend in terms of materials development will evolve. New 
materials might be found to replace the-state-of-the-art; however, hybrid materials are one 
of the keys to achieve better electrochemical performance. The choloroxidation process of 
carbides has room to improve. It could lead to different metal oxides showing promising 
performance. The challenge is to apply this synthesis to produce high-performance cathode 
material. I believe that this process could reduce the cost of cathode materials significantly 
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